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Abstract
It is well known that niobium is added to a wide range of steels for improving processing,
microstructure, properties and performance. Over the last two decades, the use of Nb has also permitted
new steels with attractive properties to be developed. Furthermore, the addition of Nb to existing steels
such as ferritic stainless and IF steels has also led to improvement. The goal of this paper is to review
the basic behavior of niobium in a wide range of steels, including both the traditional steels and also
some of the newer versions. Particular emphasis has been placed on the basic metallurgical principles
that apply to these steels, for it is the application of these principles that allows the composition processing - microstructure - mechanical property relationships to be rationalized and exploited. The
application of basic metallurgical principles has resulted in a predictive capability that has led to
alterations in composition and processing for the purpose of producing steels with superior mechanical
properties and improved overall performance.
Introduction and History
As we celebrated in 2001 the 200th anniversary of the discovery of niobium by Charles Hatchett, we
were reminded repeatedly of how this metal has changed the face of science and technology in the
materials industry [1,2]. Nowhere is this more noticeable than in the case of steels. Although niobium is
classified as a transition metal, perhaps the most important transition made by niobium was from being
little more than a laboratory curiosity prior to 1960 to becoming a viable, commercially produced
ferroalloy suitable for addition to steel in 1965. While we recognize 1801 as the date of the discovery of
niobium, in fact, the first successful commercial production of ferroniobium at the Companhia Brasileira
de Metalurgia e Mineração (CBMM) mine in Araxa, Brazil took place in 1965 [3]. After 1965,
ferroniobium was abundantly available to the steel industry for the first time as a microalloying element.
Prior to this date, only vanadium and titanium were available on a commercial scale for microalloying
steel.
The 41st element in the periodic table is called columbium within the industrial sector of the USA and
niobium by the rest of the world. The story behind the dual-names is quite interesting. John Winthrup
(1609-1676), the first governor of Connecticut and a scientist and rock collector, discovered a new
mineral around 1734. He named it columbite, possibly in honor of Christopher Columbus. Winthrop’s
grandson sent it to the British Museum for display and analysis in 1753. Decades later, in 1801, Charles
Hatchett (1765-1847), a British chemist working at the British Museum, attempted to analyze the
constitution of the columbite ore. Hatchett could tell that there was an element unknown at that time
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present in the columbite, which he called columbium. In fact, unbeknownst to Hatchett, there were two
then unknown elements in the columbite: columbium and tantalum. In 1802, the Swedish chemist A.G.
Ekeberg discovered a new element in Finnish minerals similar to columbite and named it tantalum after
the Greek god Tantalus. The situation became confused when in 1809, the British chemist and
physicist, William Hyde Wollaston, compared the minerals tantalite and columbite and declared that the
element columbium was actually the element tantalum. This confusion was not unexpected since the
elements are so similar, are always found together in natural deposits, and are very difficult to separate.
In 1844, Heinrich Rose, a German chemist, produced two apparently new and different acids from
columbite and tantalite. One came to be known as niobic acid, while the other was called tantalic or
pelopic acid. Rose found that the element contained within the tantalic acid was very similar to tantalum
described by Ekeberg, hence the name tantalic acid. The undefined element found in the other acid was
called niobium, hence the name niobic acid, after Niobe, mythical daughter of Tantulus and goddess of
tears. About twenty years later, the Swiss chemist Jean Charles Galissard de Marignac proved that these
two acids were both distinct and produced by two different elements. Finally, the Swedish chemist
Christian Wilhelm Blomstrand isolated metallic niobium in 1864. The name niobium was officially
adopted by the International Union of Pure and Applied Chemistry in 1950, although the metal is still
referred to as columbium, especially in the industrial metallurgical sector of the USA. The two names
will be used interchangeably in this paper.
Although the benefits of niobium additions to low carbon steel were known since the late 1930's [4], it
was not until 1958 that the first heat of niobium microalloyed steel in the form of hot strip was
commercially produced by National Steel in the United States [5]. The international symposium,
Niobium, held in San Francisco in 1981, reviewed the science and technology of using niobium in a
broad range of materials as practiced at that time [6]. By 1981, the concepts of controlled rolling,
austenite conditioning, and proper alloy design for ferrite-pearlite microstructures with adequate
properties in a broad range of products were understood and practiced.
Perhaps the plate and linepipe microalloyed steels were the best understood and optimized at that time.
On the other hand, the benefits of niobium microalloying to product lines such as strip, sheet, bars,
shapes and castings were just starting to be exploited. Most of the work published in the steel papers in
Niobium concerned ferrite-pearlite microstructures [6].
What has changed since 1981 concerning the benefits of Nb microalloying to steels? There have been at
least two major changes in the Nb bearing steel products over the past 20 years. First, since polygonal
ferrite-pearlite microstructures cannot readily exceed yield strength levels of about 400 MPa in
reasonable section sizes and low carbon contents found in Nb steels, the applications-driven requirement
for higher strength levels has led to the development of ferritic microstructures in virtually every product
class that are based on low temperature transformation products such as acicular ferrite and bainite or
multiphase microstructures. Sometimes these microstructures are achieved through the use of
accelerated cooling, sometimes by using hardenability approaches, or sometimes additions of Nb
improve both. Regardless of the approach, Nb continues to play a major positive role in optimizing the
manufacturability, final properties and performance of these steels.
The second major change since 1981 has been in the wide acceptance of Nb as a stabilizing element,
often in combination with Ti, whereby carbides are formed thus reducing the amount of free carbon in
solid solution, in both ultra-low carbon sheet steel (ULC) and ferritic stainless steel. Since the Nb levels
employed in the ULC steels frequently fall in the range 100-300 ppm, they can be considered as a
microalloying addition. However, the 1500-5000 ppm Nb sometimes used in the ferritic stainless steels
would be considered an alloying addition. The so-called dual-stabilized Ti + Nb containing ULC steels
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and ferritic stainless steels are viable, successful, and growing members of their respective families.
The forerunner of this current paper appeared in the Proceedings of Niobium [7]. In that paper, the
authors attempted to present the fundamental aspects of Nb and its behavior in steel as understood at that
time. These fundamental aspects have remained valid over the course of time. However, much has been
learned in the intervening 20 years that will expand upon what was presented in the earlier paper. This
current paper will be organized as follows:
A.
B.
C.
D.
E.

Introduction and History
Solubility Products and Precipitation in Austenite
Thermomechanical Processing and Austenite Conditioning in Nb Steel
Transformation and Strengthening in Nb Steels
Niobium and Stabilization

The goal of this paper is to provide the reader with the background necessary to understand modern Nb
microalloyed steels. The basic principles presented here will hopefully permit the reader to design better
steels and processing routes to further improve future steels, all through the intelligent use of Nb. The
application side is becoming even more demanding: weight reduction, safety, lower cost, etc. These
increasing demands can only be met through a thorough understanding of the literature and of the basic
principles of microalloying with Nb upon which much progress depends. A more complete version of
this paper is available [8].
Solubility Products and Precipitation in Austenite
Microalloyed steels contain both carbon and nitrogen and when niobium precipitates it does so as
niobium carbonitride [9-13]. The crystallography of “NbC” has been discussed above and, in fact, is
very similar to “NbN” [14]. Since “NbC” and “NbN” are very similar compounds, it is quite reasonable
to expect the two to have complete solid solubility, i.e. form a carbonitride. This is, in fact, correct [15].
The NbC-NbN system has been studied [16,17] and reviewed [18]. The NbC-NbN system is actually a
ternary system of NbC, NbN and vacancies. This ternary system and associated lattice parameters are
shown in Figure 1. Two very important points emerge from an inspection of Figure 1. First, the
composition of niobium carbonitride can be represented by NbCxNy where x equals the mole ratio of
C/Nb, y equals the mole ratio of N/Nb and 1 – (x + y) equals the mole ratio of vacancies. Figure 1 also
indicates that the quantities x, y and (x + y) can all be variables. Second, the lattice parameters of the
carbonitride will be strongly influenced by both the nitrogen and vacancy concentration; both nitrogen
and vacancies act to reduce the lattice parameter of pure NbC. Figure 1 further illustrates that the extent
to which the lattice parameter is lowered with increased nitrogen will depend on the vacancy
concentration of the carbonitride. The higher the vacancy concentration, the larger will be the lowering
of lattice parameter per unit increase in nitrogen content in the carbonitride. Storms and Krikorian [18]
point out that the interpretation of lattice parameter measurements will be difficult unless the vacancy
concentration in the carbonitride can be assessed.
Composition of NbCxNy Formed in Niobium Steels
The composition of precipitates found in commercial steels has been extensively studied and the results
obtained prior to 1973 were reviewed by Gray [19]. Briefly, it can be stated that the cubic forms of
carbonitride are most frequently found at normal niobium levels (<0.04%). The reported range of
stability from NbC0.72 to NbC1.0 [20,21] may allow substitution of molybdenum [22,23] as well as the

501

nitrogen/vacancy contents discussed earlier without causing changes in crystal structure.

Figure 1. Lattice parameter versus composition in the NbN-NbC system [16-18].
Other studies of the composition of the carbonitride which forms in Nb-bearing microalloyed steels [1013, 24-26] have shown a direct relationship between the composition of the carbonitride and the
composition of the steel; the larger the N/C ratio in the steel, the more nitrogen-rich the carbonitride. A
typical example of the relation is shown in Figure 2 [12].

Figure 2. Influence of C/N ratio in 0.1 percent Nb steel on C/N ratio in carbonitride precipitate [12].
These and other studies [19,27-30] have also shown that the composition of the carbonitrides in any
given steel can depend upon the thermal conditions under which they form. The data indicate that the
precipitates contain more nitrogen when formed at higher temperatures [11, 13, 30, 31], depending on C
content, Figures 3 and 4 [30], which is similar to results for precipitation of vanadium carbonitride in
vanadium-strengthened microalloyed steels [31,32].
It is to be expected that the presence of other elements such as titanium and aluminum, that have strong
nitride-forming tendencies, will affect the amount of nitrogen in NbCxNy. This has been observed by
Ouchi, et al. [26] especially in steels austenitized at high temperatures, Figure 5.
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Figure 3. Change in NbCxNy composition as a function of carbon content and precipitation
temperature [30].

Figure 4. Change in NbCxNy composition with Nb content and precipitation temperature [30].

Figure 5. The relationship between the nitrogen content uncombined with Al or Ti and the
composition of niobium carbonitride [26].
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Long austenitizing treatments (> 150 h) and higher niobium (> 0.10%) and nitrogen contents (> 0.012%)
give rise to the formation of non-cubic compounds, often of the hexagonal NbC-į’ or NbC-İ
carbonitride type [27-29]. Also, as stated earlier, Nb2C-(NbC-ȕ) type precipitates are observed at high
Nb/C mole ratios [19,33].
The Solubility of NbCxNy in Austenite
The formation (and dissolution) of precipitates normally exhibits sigmoidal kinetic curves which can be
approximated by the Kolomojorov-Johnson-Mehl-Avrami (KJMA) equation [34].

§ S   3 4·
1  exp ¨  N
G t ¸
© 3
¹
where: Xp = fraction of precipitates formed
N = nucleation rate (usually assumed constant)
G = growth rate (usually assumed constant)
t = reaction time.
Xp

(1)

The equation shows that a precipitation reaction will attain a given level of completion only when N, G
and t have sufficiently large values. The nucleation rate is controlled by solute supersaturation while the
growth rate is controlled by both the diffusion coefficient and the solute supersaturation [35]. Since
solute supersaturation controls both N and G, it is very important to understand the factors that
determine it. The extent to which elements can be maintained in solid solution in austenite is governed
by the appropriate solubility product. If, for example, we are interested in the extent of solid solubility
of Nb and C in austenite which is in equilibrium with pure, stoichiometric NbC, then we must consider
this reaction [36].
NbC >Nb@J  >C@J
(2)
And at equilibrium, the reaction can be written as follows:

NbC(s) = Nb(s) + C(gr)

'G1$ 130122  1.67T

(3)

o
1

where 'G represents the positive change in free energy (joules/mole) for the above reaction. It is
important to realize that in this reaction, NbC, Nb(s) and C(gr) are taken as the pure components in a
stable state of existence at some given temperature. This is referred to as the Raoultian standard state
[37,38]. For cases where the pure component may exist in a physical state which is different from that of
the solution, the Henrian 1 weight percent standard state may be more convenient.
The Henrian standard state is obtained from Henry’s law, which, strictly being a limiting law obeyed by
the solute Nb (or C) at infinite dilution in austenite, is expressed as: [38]
a Nb
o J $Nb
X Nb
(4)
as X Nb o 0
where a Nb is the activity of Nb in austenite with respect to the Raoultian standard state, X Nb is the mole
$
fraction of Nb in solution and J Nb is Henry’s law constant. Henry’s law constant is the activity
coefficient which quantifies the difference between Raoultian solution behavior of Nb and Henrian
solution behavior of Nb [38]. If the solute (Nb or C) obeys Henry’s law over a finite composition
range, then:
a Nb J $Nb X Nb
(5)
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The Henrian standard state is obtained by extrapolating the Henry’s law line deviating from ideal
solution behavior to X Nb = 1. This state represents pure Nb in the hypothetical, non-physical state in
which it would exist as a pure component if it obeyed Henry’s law over the entire composition range
(i.e., as it does for a dilute solution) [37,38].
Having defined the Henrian standard state, the activity of Nb in solution in austenite (hNb) with respect
to the Henrian standard state having unit activity is given by:
h Nb

f Nb X Nb

(6)
where fNb is the Henrian activity coefficient.
It should be noted that the mole fraction of Nb in solution in austenite can be related to its concentration
in weight percent by:
wt % Nb
MWNb
X Nb
wt % Nb 100  wt % Nb

MWNb
MWFe
(7)
where MWNb and MWFe are the respective atomic weights of Nb and Fe. This conversion is necessary
in order that a hybrid Henrian standard state can be introduced. This is referred to as the 1 wt% standard
state. This standard state differs from the previous one in that a weight percent coordinate system is
used rather than a mole fraction coordinate system. The use of this standard state eliminates the
necessity of converting weight percentages, obtained via chemical analysis, to mole fractions for the
purpose of thermodynamic calculations. This standard state is particularly convenient to use in
metallurgical systems containing dilute solutes [37,38]. This standard state can formally be defined as:
f Nb o 1 as wt % Nb o 0

(8)

Hence, with respect to the 1 wt% standard state having unit activity, the activity of Nb is given by:
h Nb

f Nb  wt % Nb

(9)
This expression for the activity of Nb is often simplified by two further assumptions which reduce fNb to
unity. These assumptions are often made in the calculation of the equilibrium constant (K), also referred
to as the solubility product [24]. The first of these assumes that Nb is a dilute solute in austenite. The
second assumption neglects any interaction between solutes in the system. The fact that fNb goes to
unity under these assumptions can be realized given the dependence of fNb on the first order free energy
interaction coefficient for dilute, multi-component solutions [39,40]. This interaction coefficient was
first introduced by Wagner [39] and later was extensively used by Chipman [40] and colleagues in the
study of molten alloy steels. It is related to the activity coefficient such that:
n

log f i

¦e

j
i

j 1

wt % j

(10)
j
e
where i , (read “e j on i”) is the Wagner interaction parameter on a weight percent composition
coordinate and n would represent the total number of solute elements or compounds in the system [39].
It is apparent from Equation 14 that if either a solute is dilute in a given system (wt% j ĺ 0) or that
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j
interactions between solutes are negligible ( e i ĺ 0), the activity coefficient for the given solute will be
unity.

Returning to the dissolution of NbC precipitates, the change in free energy (joules/mole) as C and Nb
are dissolved in austenite is given by: [24]
C(gr) = [C]
(11)

'G $3

Nb(s) = [Nb]
$
2

27949  29.54T

(12)

$
3

where 'G and 'G represent the free energies associated with the change between the Raoultian and
Henrian standard states. The overall reaction is given as:
NbC = [Nb] + [C]

(13)

The corresponding change in free energy is given by the addition of Equations 7,15, and 16:
'G $

137235  64.43T

2.303  R  T  log

h Nb h C
a NbC

(14)
a
where NbC is taken as unity for the pure component NbC in its standard state. Furthermore, assuming
that Nb and C are dilute in austenite, h Nb and h C may be represented by their weight percents. Hence,
the solubility product under this theoretical treatment is found to be:
7167
T
(15)
There are three things that must be taken into account when applying a solubility product of the form
shown above that has been derived from thermodynamic considerations:
log>Nb@  >C@ 3.36 

i)

It applies strictly to equilibrium conditions that rarely exist in practice,

ii)

It might be strongly altered by the presence of other solutes through their effect on the
interaction coefficients presented above, and

iii)

It will surely be altered by the Gibbs-Thompson or capillarity effect that accounts for the
influence of particle curvature on solubility. The solubility of a given particle varies
inversely with its curvature [41,42]. Following Lupis, the solubility of particles of radius
1nm would be nearly twice as high as those of radius 100 nm [42].

Nb(CN) Solubility Products in Austenite
The importance of Nb as a microalloying element in steels is apparent from the numerous studies over
the past 30 years. Much of this work is concerned with the solubility of niobium monocarbides
[7,24,43-50], mononitrides [7,24,49-51] and carbonitrides [2,7,13,51-54] in austenite. The results of
these studies are shown in Table I in the form of solubility products. The differences among these
products are considerable and may be attributed to a number of reasons. Foremost among these reasons
would be the methods used in obtaining the given solubility product as each technique has its own
assumptions and limitations. These techniques used in obtaining the solubility products of Table I are
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classified as a-e and are briefly described below:
a) Thermodynamic calculations
b) Chemical separation and isolation of precipitate
c) Equilibrating a series of steels with different Nb contents with a H2-CH4 atmosphere at
various temperatures, after which the carbon contents are analyzed
d) Hardness measurements
e) Statistical treatment of previous solubility products.
As was stated in the previous section, thermodynamic calculations of solubility products often neglect
any interaction between elements and particle curvature effects. As a result, the activity coefficients are
assumed to be unity and the activities are represented by their weight percents [20]. Later work,
however, by Koyama et al. [55] and Sharma et al. [47] has included Wagner interaction parameters to
account for the effect of alloying elements on the solubility of Nb(CN) in austenite. This leads to a more
realistic solubility product since it incorporates non-unity activity coefficients.
Table I. Solubility products for Nb-C, Nb-N and Nb-C-N systems in austenite
System

Nb-C

Nb-N

Nb-C-N

Note

Product
Method
Log[Nb][C] = 2.9 - 7500/T
d
Log[Nb][C] = 3.04 - 7290/T
b
Log[Nb][C] = 3.7 - 9100/T
c
Log[Nb][C] = 3.42 - 7900/T
b
Log[Nb][C] = 4.37 - 9290/T
c
0.87
Log[Nb][C] = 3.18 - 7700/T
b
0.87
Log[Nb][C] = 3.11 - 7520/T
e
Log[Nb][C] = 2.96 - 7510/T
e
0.87
Log[Nb][C] = 3.4 - 7200/T
a
Log[Nb][C] = 3.31 - 7970/T + ĳ
b
Log[Nb][C]0.87 = 2.81 -7019.5/T
a
Log[Nb][C] = 1.18 - 4880/T
Log[Nb][C] = 3.89 8030/T
Log[Nb][C] = 4.04 - 10230/T
c
Log[Nb][C] = 3.79 - 10150/T
b
Log[Nb][N] = 2.8 - 8500/T
b
Log[Nb][N] = 3.7 - 10800/T
b
0.87
Log[Nb][N] = 2.86 - 7927/T
a
Log[Nb][N] = 4.2 - 10000/T
Log[Nb][C]0.24[N]0.65 = 4.09 - 10500/T
b
Log[Nb}[C + 12/14N] = 3.97 - 8800/T
c
Log[Nb][C + N] = 1.54 - 5860/T
b
0.83
0.14
Log[Nb][C] [N] = 4.46 - 9800/T
b
Log[Nb][C + 12/14N] = 2.26 - 6770/T
c
2
ĳ = [Mn](1371/T - 0.9) - [Mn] (75/T - 0.0504)

Reference
24
24
43
50
44
45
24
24
24
46
47
49
49
51
45
50
53
47
49
24
13
24
24
52

Although techniques such as chemical separation and methane equilibration indirectly account for
chemical interactions, both have their own limitations. Problems arising from the separation technique
are that very fine precipitates may not be included in the analysis [48] and that discrepancies may exist
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as to the exact composition of the precipitate. [24] These problems also plague the equilibration
methods, as carbon contents are often analyzed assuming that a uniform stoichiometric or nonstoichiometric compound is present [24,48]. Additionally, both of these methods, including the
thermodynamic methods, neglect the effect of precipitate size on solubility. Thermodynamics indicate
that small particles are more soluble than large particles [56]. Hence, solubility products obtained via
these methods may predict a more stable precipitate than would be expected. A possible exception to
this may be found in the work by Simoneau et al. [57] who used electrical resistivity measurements to
determine the solubility of Nb(CN) in austenite. This technique is based upon the measured reduction in
bulk resistivity as Nb, C and N in solid solution precipitate to form Nb(CN). The reduction in resistivity
is caused by the loss of solid solution atoms which act as scattering centers. The results of Simoneau et
al. [57] show that the thermodynamic stability of Nb(CN) is less than that predicted using equilibrium
methods.
Finally, hardness techniques are questionable since they are based upon the assumption that an increase
in hardness is proportional to the amount of Nb dissolved into austenite, and subsequently precipitated in
ferrite as NbC [24]. Although this does occur, all of the carbon and nitrogen in the alloy is not
necessarily associated with the precipitate. Also, difficulties arise in separating this hardness increment
from those due to other mechanisms such as grain size strengthening, solid solution strengthening and
dislocation strengthening.
A comparison between some of the solubility relations listed in Table I is shown in Figure 6 [7]. This
diagram depicts the solubility product in austenite, K, versus temperature. The results shown by Figure
6 indicate two important points. First, the solubility product is substantially lowered as the compound
becomes enriched in nitrogen. Second, the solubility of a precipitating compound in austenite is
decreased as the vacancy content becomes smaller. Solubility products play a vital role in understanding
the physical metallurgy of microalloyed steel, especially those aspects which are concerned with
precipitation-related phenomena. Solubility products can be plotted in either of two ways. Consider the
case of the solubility product of NbC in austenite at some given temperature. If the abscissa (C) and
ordinate (Nb) axes have a linear scale, then any given solubility isotherm will have the shape of a
hyperbola. If, however, the axes have a logarithmic scale, then the solubility isotherm will be a straight
line. Both approaches have been widely used in the literature.

Figure 6. Solubility products for various Nb precipitates in austenite [7,24].
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A hypothetical solubility isotherm for NbC in equilibrium with austenite at 1000ºC is shown in Figure
7(a) [7]. The solubility isotherm gives the locus of Nb and C products which represents the limit of solid
solubility of NbC in austenite at 1000ºC, i.e. any combination of products located above the line will be
in the Ȗ + NbC phase field at 1000ºC. The straight line with a positive slope on the diagram represents
the stoichiometric ratio. The precipitation of NbC can be followed by considering the slightly curved
line which is nearly equidistant from the stoichiometric line and passes through the point with the Nb
and C coordinates which describe the composition of the steel. A schematic illustration is presented in
Figure 7(b). Consider a steel of composition given by point B which is reheated to 1300ºC and is very
slowly cooled to 900ºC. Since 1300ºC is the solution temperature for the NbC under consideration here,
the NbC can be assumed to be completely dissolved after reheating. If we further assume that
precipitation occurs during the cooling, then the composition of the austenite in equilibrium with NbC
would move along the curve passing through point B and which is equidistant from the stoichiometric
line. The distance moved along the curved line through point B is proportional to the volume fraction of
precipitate formed as a result of the cooling, assuming equilibrium is established at all temperatures. In
other words, the distance moved along the curved line through B during cooling is proportional to the
supersaturation and would also be proportional to the volume fraction precipitate formed if equilibrium
prevailed. Therefore, if steel B is reheated to 1300ºC and then cooled to and rolled at 900ºC, the
distance BC in Figure 7(b) will be proportional to the volume fraction of precipitation of NbC formed in
austenite. This precipitation would be of two types: that formed during cooling and that formed during
or after rolling. The first type is not likely to be significant since precipitation in recrystallized austenite
is normally very sluggish, as will be discussed later. The second type is the strain-induced precipitation.
A second interesting case would occur if steel of composition A in Figure 7(b) is considered. If this
steel is reheated at 1300ºC and hot rolled at 900ºC, then two arrays of NbC particles would be expected.
The first would be the precipitates that survived the reheating treatment (volume fraction proportional to
AB) and the second strain-induced precipitate (volume fraction proportional to BC).
log [% Nb]

log [%Nb]

Distribution of Nb
After 1300(C Reheat and
900(C Deformation

NbC

A

Ȗ
1300(C

Ȗ

}
}

Undissolved
NbC

B


-induced
NbC

C

1000?

}

900(C

log [% C]

log [% C]

Nb in
Solution

A B C
Steel

Figure 7. Hypothetical solubility diagrams describing equilibrium between NbC and
austenite: (a) relationship at 1000 C and (b) interrelationships among isotherms, steel
composition, processing and potential amount of precipitation [7].
Several investigators have used solubility diagrams to help explain the physical metallurgy of
microalloyed steels, and, in particular, the precipitation phenomena [57-59]. Our understanding of
precipitation in these steels has been substantially increased by the work of Wadsworth et al., [60]
Roberts et al., [31] and Keown and Wilson [61]. The study by Wadsworth et al. [60] concluded that the
supersaturation that could be developed between any two temperatures is a strong function of the
position of the steel relative to precipitate stoichiometry on the solubility diagram. This effect,
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illustrated in Figure 8, shows that the largest possible supersaturation occurs when the microalloying
element and the interstitial are present in the steel in the stoichiometric ratio, and deviations from this
ratio will lead to decreasing supersaturations.
The work of Roberts et al. [31] presents an interesting way of considering the precipitation of
carbonitride precipitates in microalloyed steels. They suggest a thermodynamic analysis which attempts
to predict the change of x and y in VCxNy with changes of temperature and/or extent of precipitation.
Their model predicts that nitrogen-rich precipitates are the first to form and that nitrogen plays a central
role in controlling the precipitation until it is completely consumed.
As stated above, solubility products can be influenced by the presence of elements that do not directly
participate in the precipitation reaction. This effect occurs through the influence of third and higher
order elements in solution on the interaction coefficients, hence activities, for Nb and C in austenite.
Third elemental solutes that raise the activity of Nb or C through a positive interaction coefficient
decrease their solubility while those that decrease the activity through negative coefficients increase it.
Interaction coefficients for C, N, and Nb in liquid steel at 1600ºC are shown in Table II [62].
Unfortunately, similar data for these species in austenite at 1000ºC, for example, do not exist at this
time. If we assumed that the data of Table II did apply to austenite at 1000ºC, then we would find that
certain solutes would increase the solubility of C and Nb in austenite, leading to less than expected NbC,
while others would decrease it, leading to more.
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Figure 8. Amount of niobium carbide available for precipitation at 923 K (after solutiontreatment at 1373 K) as function of degree of deviation from stoichiometry, r. Positive
values of r indicate C-rich compositions, negative values Nb-rich [60].
Examples of this effect have been studied by Koyama, et al. [55] who have examined the influence of
several elements on the solubility of NbC in austenite. By way of an example, the solubility product for
NbC in otherwise unalloyed austenite is about 5 x 10-3 at 1150ºC. An addition of Mn increased log K by
about 5% per % Mn added, while an addition of Si reduced log K by about 45% per % Si added. The
solubility product at 1150ºC for a steel that contained 1.5% Mn and 0.4% Si was # 4 x 10-3; the addition
of Mn and Si acted to reduce the solubility product by about 20%.
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The latest and perhaps the most accurate solubility product for nominally stoichiometric NbC in
austenite in a steel containing 0.08C-1.5Mn-0.008N-0.02Nb was published by Palmiere et al. in 1994
[63]. The following expression was derived from solubility data obtained from reheated and quenched
samples as measured using the atom probe facility of an atom probe field ion microscope (APFIM):
Log [Nb][C] = 2.06 – 6700/T

(16)

It is important to note that a comparison of this product with several earlier ones indicates that the earlier
products substantially overestimated the amount of Nb in solution in austenite and underestimated the
dissolution temperature [63]. This product has been used successfully in subsequent research [64].

Table II. Influence of several selected elements on the interaction coefficients
for C, N, and Nb in liquid iron at 1600ºC [62]
Solute
Al
C
Cr
H
Mn
Mo
N
Nb
Ni
O
P
S
Si

C
5.3
6.9
-5.1
3.8
-2.7
-4
5.86
-23.7
2.9
-22
7
6.5
9.7

N
5.2
5.86
-10

Nb

-23.7
-1.5

-8.1
-4.9
0.8
-26
1.5
4.0
6.2
1.4
5.9

-26
-54
-5.8

Solubility of NbCN in Ferrite
It is well known that the solubility of various elements is higher in austenite than in ferrite [65,66]. An
example, published in 1994, for the solubility of various microalloyed carbides and nitrides in austenite
and ferrite in an ultra-low carbon steel is shown in Figure 9 [67,68]. At about the same time, solubility
products for various microalloyed precipitates in ferrite were published by Taylor [69].
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Figure 9. Solubility for each pure compound, NbC, TiC and TiN in austenite and ferrite [67,68].
It is interesting to compare the expected behavior for MC in austenite and ferrite for the various
microalloying elements. One way that this can be accomplished is by comparing the solubility limits for
the various carbides in austenite and ferrite at a given temperature, for example, near a typical Ar3. The
result of using this approach is shown in Table III below, where the solubility limits in austenite and
ferrite were calculated at 800ºC using the products suggested by Taylor [69]. This table shows that the
limiting product for NbC is reduced by a factor of near 20 when going from austenite to ferrite at 800ºC.
A more encompassing discussion of solubility products, covering a wide variety of precipitates, can be
found in the recent work of Gladman [70].
Although the use of solubility products is helpful in understanding the behavior of microalloying
elements in austenite and ferrite, there are some important restrictions that must be recognized when
applying them. The question is one more of validity than accuracy. It is indeed true that precipitation
reactions are controlled by solubility relations; however, the major question is what should be
considered the proper matrix composition. In most cases, the bulk composition is used to calculate, for
example, the dissolution temperature of a precipitate in austenite. However, many precipitate reactions
are governed by a local composition rather than a bulk composition. Hence, the influence of segregation
on precipitation must be considered when applying any solubility equation. This point has been
discussed in some detail by Palmiere et al. [64]
Table III. Comparative Solubility Limits for MC in Austenite and Ferrite at 800ºC
[M][C] X 10 4
8.9 X 10-5
4.5 X 10-6
1.7 X 10-4
3.0 X 10 –5
7.9 X 10-3
1.1 X 10-3

Solubility Product
NbC in J
NbC in D
TiC in J
TiC in D
VC in J
VC in D
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Crystallography of Precipitation: Orientation Relationships and Lattice Matching
The crystallography of precipitation in steel has been reviewed by Jack et al. [71], Davenport et al. [72],
and Honeycombe [73]. There are two aspects of the crystallography of precipitation that are of interest in
this discussion. These are (a) the orientation relationship that exists between the crystal structure of the
precipitate and that of the matrix, and (b) the degree of lattice registry between the precipitate and the
matrix.
Carbonitrides of niobium, vanadium and titanium can precipitate in both austenite and ferrite. Several
studies [74-77] have shown that when these carbonitrides precipitate in austenitic stainless steel, they do
so such that the lattice of the precipitate, which has a NaCl crystal structure, is parallel to the FCC lattice
of the parent austenite, i.e.
[100]M(CN) || [100]Ȗ
[010]M(CN) || [010]Ȗ
Davenport et al., have provided direct evidence that this same relationship holds for the strain-induced
precipitation of NbC in austenite in a microalloyed steel [72]. When NbCxNy precipitates in ferrite
[72,73] or martensite [78], it does so with the Baker-Nutting orientation relationship [78].
[100]NbC || [100]Į
[011]NbC || [010]Į
The “parallel” and Baker-Nutting orientation relationships can be simply illustrated through the use of
the appropriate metal-atom octahedral [71]. The metal-atom octahedra for austenite, NbCxNy and ferrite
are shown in Figure 10 [71]. The structures of the austenite and NbCxNy are positioned to represent the
parallel orientation relationship and the structures of the ferrite and NbCxNy are positioned to represent
the Baker-Nutting orientation relationship. Note that the three octahedra shown in Figure 10 all have a
cube plane at the base.
The octahedra shown in Figure 10 also permit the calculation of lattice misfit strain or the lattice strain
required for coherency. This is done by calculating the linear strain in the matrix lattice parameter that
would be required to bring the two lattices into coincidence at the matrix-precipitate interface, i.e.
Lp  Lm
u100
%Linear Strain
Lm
(17)
where Lp = appropriate length of octahedron of the precipitate, and
Lm = appropriate length of octahedron of the matrix.
Examples of the required strain or strain of the matrix for several types of precipitates are shown in
Table IV. The magnitudes of the elastic matrix strains (İ = 0.255 for NbC in austenite and İ = 0.105 and
0.563 in ferrite) required for lattice registry would appear to rule out any large degree of coherency
between the precipitate and the matrix. However, the elastic strains required of the matrix to achieve
partial lattice registry could be easily accommodated by the presence of a few interfacial dislocations for
a precipitate of dimension 100 Å.
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Figure 10. Metal-atom octahedra for (a) austenite, (b) NbC and (c) ferrite [71].

Table IV. Lattice Mismatch for NbCxNy Precipitates in Austenite and Ferrite
Orientation
Relationship
[100]ppt || [100]J
J
[010]ppt || [101]J
[001]ppt || [001]J
[100]ppt || [100]D
D
[011]ppt || [010]D
[011]ppt || [001]D
ȥ
All matrix strains are tensile (+).
Matrix

Required Linear Strain in Matrix, % ȥ
NbN.8
NbC
NbC.8
25.5
26.6
23.0
25.5
26.6
23.0
25.5
26.6
23.0
56.3
57.7
53.1
10.5
11.5
8.4
10.5
11.5
8.4

A first-order approximation indicates that about seven and three dislocations would be required to cancel
the lattice mismatch for a precipitate of NbC of size 100 Å in austenite and ferrite, respectively.
The orientation relationship that is observed between the NbC and ferrite can be used to distinguish the
NbC which had nucleated in austenite from the NbC which had nucleated in ferrite. As was noted above,
NbC forms in austenite with a parallel orientation relationship and in ferrite with the Baker-Nutting
orientation relationship. Therefore, all NbC precipitates that show the Baker-Nutting relationship must
have formed in the ferrite. The NbC that forms in austenite will not have the Baker-Nutting relationship
with the ferrite.
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When austenite transforms to ferrite or martensite, it does so with the Kurdjumov-Sachs orientation
relationship [80].
(111) Ȗ || (110)Į
[110] Ȗ || [111] Į
The consequence of this relationship is that when the matrix transforms from austenite to ferrite, the
orientation of the original austenite and the precipitates that formed in that austenite would be related to
the ferrite by the Kurdjumov-Sachs relationship. Therefore, the precipitates that formed in the austenite
can be identified because they will have the Kurdjumov-Sachs orientation relationship with the ferrite
when observed at room temperature. If the orientation of the austenite grains would change after
precipitation had occurred, e.g. by grain rotations accompanying deformation or recrystallization, then
there would be no rational crystallographic relationship between the NbC that had formed in the
austenite and the final ferrite matrix. In principle, this change in austenite grain orientations after
precipitation would not appear to be a very frequent occurrence since most of the precipitation that
forms in austenite is strain-induced, and these precipitates act to suppress subsequent recrystallization of
the deformed austenite in which they formed. [Hereinafater, NbCN will be used to denote NbCxNy].
Precipitation of NbCN: Typical Morphologies and Distributions
The precipitation of NbCN in austenite and ferrite is heterogeneous in nature, i.e. it always occurs in
conjunction with crystalline defects such as grain boundaries, incoherent twin boundaries, stacking fault
boundaries, subgrain boundaries, or dislocations. One reason why the precipitation forms in this fashion
is the rather large mismatch between the lattice of NbCN and the matrix, austenite [16,19-21,33,50], or
ferrite [13,20,22-28,33,81], as shown in Table IV. These crystalline defects are sources of dislocations
which can act to cancel some of the elastic strain which may develop during the formation of the
precipitates.
In one of the few studies that have been conducted on the precipitation of NbCN in recrystallized
austenite, Santella has shown that the NbCN forms almost exclusively on grain boundaries [13] as is the
case for precipitation in casting [28]. Much more research has been done on NbCN precipitation which
has formed in deformed austenite and in ferrite. Good illustrations of strain-induced precipitates of
NbCN in deformed austenite are available in the literature [82-87], and an example is presented in
Figure 11 [13]. In every case, the precipitates appear to decorate what was once a grain or subgrain
boundary in the prior-austenite.
When NbCN precipitates in ferrite, the nature of the precipitate distribution is related to the nature of the
austenite-to-ferrite transformation. If the ferrite that forms has a polygonal morphology, the NbCN
precipitation will have the “interphase” distribution [72,73]. During the interphase precipitation, the
NbCN forms along the advancing austenite-ferrite phase boundary. When the boundary moves to a new
location, the precipitates are left behind in a sheet-like array. The final microstructure consists of
numerous sheets of precipitates, where each sheet denotes the location of the interphase boundary during
the course of the transformation. This form of precipitation in Nb steels has been observed by Gray and
Yeo [88] and others [72,89,90], and an example is given in Figure 12 [13]. It should be noted that this
form of precipitation only occurs at very high temperatures in ferrite. When precipitation occurs
substantially after transformation is complete, the precipitate has a more uniform or general distribution
[88]. These precipitates are responsible for the precipitation hardening effect of NbCN.
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Figure 11. Strain induced precipitation of NbCN in austenite in a steel containing 0.09%C 0.07%Nb. Specimen reheated at 1250°C, rolled 25% and held at 950°C, and air cooled to
RT. Centered dark field electron micrograph using a (111) NbC reflection [13].

Figure 12. Interphase precipitation of NbCN in ferrite in steel containing 0.09%C 0.07%Nb. Specimen was reheated to 1250°C, hot rolled to 1000°C and air cooled to RT.
Bright field electron micrograph [13].
Similar general distributions occur in ferrite which has an acicular or bainitic character [72].
Furthermore, there is great similarity in distributions and morphologies between the NbCN that forms in
acicular ferrite and the NbCN that forms during secondary hardening in the tempering of a quenched
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steel [78]. An example of this general type of precipitation of NbCN in acicular ferrite is given in Figure
13 [13].
Thermomechanical Processing and Austenite Conditioning in Nb Steel

Background
Although Nb can play many important roles in steel, none is more important than austenite conditioning.
Here, austenite conditioning means having the terminal hot rolled austenite with the proper
microstructure and composition to allow the desired final ferrite microstructure to be achieved after
suitable cooling. For simple ferrite-pearlite steels, this means controlling (increasing) the crystalline
defect content of the austenite that can act as nucleation sites for ferrite upon transformation. This was
the original view of austenite conditioning and was widely discussed in the early 1980’s. These defects,
as we shall see, include grain boundary area, deformation band area, and incoherent twin boundary area
per unit volume. This catalytic effect has been discussed earlier [91-93]. In the past 20 years, we have
expanded this view of austenite conditioning and its benefits to include acicular ferrites, bainites and
martensites [94]. Furthermore, the benefits of austenite conditioning have been extended to high
strength strip and sheet with improved stretch forming, e.g., the dual-phase and TRIP steels. Here, the
distribution of low temperature transformation products their contribution to work hardening is
controlled by the defect structure of the austenite [95-102]. This work shows that the finer the austenite,
the finer the distribution of low temperature transformation products, the higher the work hardening rate
and the resulting stretch formability.

400 nm
Figure 13. General precipitation of NbCN in austenite in a steel containing 0.09%C 0.07%Nb. Specimen reheated at 1250°C, hot rolled to 1000°C and air cooled to RT.
Centered dark field electron micrograph using a (111) NbC reflection [13].

Role of Processing
Before the role of Nb in austenite conditioning can be discussed, it is important to briefly review the
various commercial rolling practices being used. Since Nb can act as either a solute or precipitate in
austenite, each with different effects, it is important to recognize where the Nb would be during rolling,
and this will vary with the rolling practice. For precipitation to occur in austenite, there must exist
adequate levels of both supersaturation and interpass time. Hence, slow processing in austenite, typical
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of reversing plate and heavy section rolling, where the rolling involves many light passes with long
interpass times and long total rolling times, is rather ideal for extensive static precipitation of NbCN in
austenite. However, fast processing of austenite, such as found with strip or bar rolling, where both the
interpass times and the total rolling times are short, is not conducive for extensive precipitation. It is,
therefore, not unreasonable to assume that Nb will influence the behavior of austenite first as a solute
and then as a precipitate in plate and structural rolling, whereas it is expected that Nb would largely
remain in solid solution during strip and bar rolling [93,103].
Behavior of Niobium in Austenite
When a Nb-bearing low-alloy steel is in the austenite phase field, the Nb will be in both the solid
solution matrix and in the precipitated NbCN, the partitioning depending on temperature. At
equilibrium, this partitioning of Nb between the matrix and precipitate will be controlled by the
solubility relations discussed earlier. Since one of the primary requisites of a successfully conditioned
austenite is the presence of a large number of crystalline defects that can act as sites for ferrite
nucleation during cooling, i.e., a total near-planar crystalline defect surface or boundary area per volume
(Sv), the motion of subgrain and grain boundaries associated with static recrystallization and grain
growth after hot deformation must be retarded. Evidence for this retardation by Nb in both solid
solution [104-106] and in precipitate [107-109] can be found in the literature.
The different effects of NbCN precipitation during hot rolling have stimulated a large number of studies
concerned with the kinetics of precipitation in austenite as influenced by composition, strain, strain-rate,
temperature and overall heat treatment. This group of studies of precipitation kinetics has utilized a
wide variety of techniques including: chemical analysis [10,12,29,51,110,111], electrical resistivity
[111,112], X-ray diffraction [84], quantitative electron microscopy [86], flow curves [106], and hardness
testing [111,113,114]. The precipitation which has been studied in these experiments is, with one
exception, the strain-induced precipitation which occurs during and/or after deformation. The exception
is the dynamic precipitation which accompanies deformation and which has been studied by Jones and
Rothwell [108] and Akben et al. [115].
Studies of the precipitation in recrystallized austenite have shown that the kinetics are very sluggish
[9,104,111,112]. The results of the study by Simoneau et al. [111] on precipitation rates at temperatures
above 900ºC are shown in Figure 14. The kinetics of NbCN precipitation at 900ºC is shown in Figure
15; these data are from the work of LeBon et al. [104]. Finally, the precipitation kinetics at low
temperatures, below 950ºC, has also been determined by Watanabe et al. [9]; these results are shown in
Figure 16. These studies illustrate the slow rate of precipitation in recrystallized austenite; it takes
several thousands of seconds at 900ºC for 50 percent of the potential precipitates to form. Also, by
combining the results of Simoneau et al. [111] and Watanabe et al. [9] the overall precipitation behavior
does appear to conform to C-curve kinetics.

The precipitation rate is remarkably sensitive to the level of strain imparted prior to aging, as is
illustrated by the results of LeBon et al. [104], Figure 15, and Hoogendorn and Spanraft [53], Figure 17.
The strain-induced precipitation of NbCN in austenite appears to follow C-curve kinetics. Three Ccurves, each based on a different technique, are shown in Figures 17-19. These results are from the work
of Watanabe et al. [9], Figure 16; Ouchi et al. [113], Figure 18; and Hansen et al. [86], Figure 19. In all
three cases, the nose of the C-curve appears to be in the temperature range 900 to 950ºC.
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Figure 14. Isothermal precipitation of Nb in undeformed austenite in steel containing
0.07%C-0.04%Nb-0.010%N [111].
The overall composition of the steel appears to have a strong effect on the kinetics of precipitation
[9,106,114]. For example, the presence of Mo appears to shift the C-curve to lower temperatures and
shorter times [9], whereas an increase in Mn level acts to shift the C-curve to longer times [115]. These
effects are probably caused by the influence of these elements on the activities of solute Nb and C, as
discussed above.

Figure 15. Influence of strain level on the kinetics of Nb precipitation at 900ºC [104].
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Figure 16. Time-temperature-precipitation diagram showing effect of deformation of
Nb(C,N) in austenite [9].

Figure 17. Influence of deformation on precipitation in a steel containing 0.06%C0.041%Nb and 0.06%N [53].
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Figure 18. Precipitation of Nb(CN) and recrystallization kinetics during isothermal holding
in Nb-bearing steel, (a)hardness changes after tempering at 600°C, (b) precipitation kinetics
and (c) recrystallization progress [113].

Figure 19. Recrystallization-precipitation-temperature-time (RPTT) diagram for steel 3 after
solutionizing at 1250ºC and hot rolling 50% at 950ºC [86].

Figure 20. Relative integrated intensity versus aging time for samples deformed 60% at the
indicated temperatures [84].
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Figure 21. PTT curves for dynamic precipitation of NbCN in austenite [115].
Studies of the precipitation of NbCN in deformed austenite are subject to certain problems when the
temperatures of deformation (and subsequent holding) are raised. The problem arises because the
density of crystalline defects in the austenite does not vary continuously with temperature over a large
temperature range, say, 800  T  1200ºC. For a given set of conditions of composition, temperature,
strain and strain-rate, the austenite deformed at high temperatures may experience static recrystallization
between passes if the interpass time is sufficiently long. This would be expected at large strains, high
temperatures and high strain rates. The austenite grain structure deformed at low temperatures will be
highly elongated and the austenite deformed at intermediate temperatures will have a mixed equiaxed
plus elongated grain structure. Behavior of this kind would be expected to give a discontinuous
relationship between the crystalline defect density that can act as nucleating sites for NbCN precipitation
and the deformation temperature. This type of austenite deformation behavior has been observed in
microalloyed steels [32,84] and has been shown to influence the results of precipitation kinetic studies
[86]. An example of this effect is shown in Figure 20, which has been taken from the work of Davenport
et al. [84], Figure 20, where the relative integrated intensity from NbC diffraction peaks is assumed to be
roughly proportional to the volume fraction of precipitate, indicates that there are high rates of
precipitation in the temperature range 950 to 1100ºC and lower rates at temperatures which are either
above or below this range. Davenport et al. [84], have noted that the lowering of precipitation kinetics
which results from higher temperature deformation and holding may be due to two effects. The first is
the reduction in solute supersaturation with increasing temperature; this alone would lead to a decrease
in precipitation rate. The second is the change in deformation structure of the austenite near 1100ºC.
Austenite rolled below this temperature leaves the rolls with an elongated, deformed microstructure that
contains numerous sites for strain-induced precipitation. Austenite rolled above this temperature
quickly achieves the statically recrystallized state; this structure contains few sites for strain-induced
precipitation; hence, low precipitation kinetics can be expected.
The studies of precipitation kinetics described to this point have involved “static” precipitation. That is,
the austenite has been deformed in one operation and then aged in a second operation.
A different approach to studying strain-induced precipitation has been developed by Jonas et al.
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[106,115]. This approach enables the kinetics of strain-induced precipitates to be determined in a
“dynamic” context, i.e. where the austenite is being strained and aged at the same time. This approach
yields C-curves describing the dynamic precipitation and is based on the analysis of hot flow curves. Ccurves describing this dynamic precipitation [115] are shown in Figure 21.
Principles of Austenite Conditioning
There are two different approaches available for austenite conditioning during hot rolling. They are
known as conventional controlled rolling (CCR) and recrystallization controlled rolling (RCR). The
purpose of this paper is to describe these practices, to show how they differ from conventional hot
rolling (CHR), and to indicate the microalloying additions required for their respective implementation
[93,103,116]. In addition, the requirements of the mill equipment suitable for these practices will be
discussed.
Conditioning of Austenite
Obtaining fine ferrite grain sizes from the transformation of austenite requires high rates of ferrite
nucleation, and low rates of growth and subsequent coarsening. Conditioning of austenite means that the
microstructure of the austenite has achieved, through controlled hot deformation, the proper
predetermined metallurgical state or condition prior to transformation that will embody these
requirements. It was shown earlier that high ferrite nucleation rates result from having a large number of
potential nucleation sites and a high nucleation rate per site [92,117,118]. The sites for ferrite nucleation
are austenite grains and incoherent twin boundaries and deformation bands [92,119-124]. The density of
these sites per unit volume is expressed as the total interfacial area of the near-planar boundaries per unit
volume and has the units mm2/mm3 or mm-1. This stereological concept was first discussed by
Underwood [125], and was later adopted to describe austenite by Kozasu et al. in Microalloying' 75
[119]. Kozasu et al. called this measure of the total interfacial area per unit volume, the parameter Sv.
The parameter Sv can be considered as an approximate austenite “grain size”, and its magnitude is an
indication of the degree of austenite conditioning. The principal goal of TMP and austenite conditioning
is to maximize Sv. The influence of Sv on ferrite grain size is shown in Figure 22 [126].
There are two entirely different approaches to increasing Sv. In the first, the initially recrystallized
reheated austenite grains undergo repeated recrystallization during subsequent hot deformation leading
to grain refinement. This deformation would take place at temperatures above T95 in Figure 23. Here,
one set of equiaxed grains is replaced by a new set of finer, equiaxed grains. Since these fine grains
would have a strong tendency to coarsen during the interpass time, this fine grain size can be retained
only if a suitable mechanism is available to suppress grain coarsening. The process that involves
repeated recrystallization and inhibition of grain coarsening is called Recrystallization Controlled
Rolling (RCR), and was originally proposed by Sekine et al. [127,128]. Clearly, the lower the T95, the
larger will be the processing window between the reheat temperature and the minimum finishing
temperature of T95. Hence, steels designed for RCR conditioning must have a low recrystallization-stop
temperature and a pre-existing grain coarsening inhibition system. This practice is well-suited for
production conditions that require high finishing temperatures, e.g. underpowered rolling mills, heavy
section and heavy plate rolling, and forging.
The second approach involves substantial deformation below T5, where, for example, the thickness at T5
is three or four times the final gauge. In this method, the grain size at T5 is deformed and stays
unrecrystallized through the interpass time for all subsequent passes. Hence, there is a change in grain
shape and the occurrence of transgranular twins and deformation bands. The process that involves
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repeated flattening or "cold working" of the grains by repeated deformation below T5 is called
Conventional Controlled Rolling (CCR). Clearly, the higher the T5 the more passes can be used and the
more effective is the practice. Hence, steels designed for CCR conditioning must have a high
recrystallization-stop temperature.
16
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Figure 22. Ferrite grain sizes produced from recrystallized and unrecrystallized austenite at
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Figure 23. Schematic illustration of austenite microstructures resulting from various
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Although there are two different approaches to austenite conditioning, i.e. RCR and CCR, they both
have the same objective of resulting in structural refinement in the final plate, coil, beam, or forging.
The differences between RCR and CCR can be easily understood with the aid of Figure 24, which shows
the different paths used by each to achieve high values of Sv [129].
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Figure 24. Schematic representation of austenite microstructure when deformed above or
below the recrystallization-stop temperature of austenite, with corresponding description of
S. Note that the superscripts GB, DB, TB and NPD denote the contribution to the total Sv
from grain boundaries, deformation bands, twin boundaries and near planar defects [129].
The increase in Sv for the RCR practice comes exclusively from the increase in grain boundary area per
unit volume which results from a decrease in average grain volume, while the increase in Sv for the CCR
practice results from the increase in grain boundary area per unit volume resulting from a change in
grain shape and through the addition of the transgranular twins and deformation bands.
Role of Niobium in Thermomechanical Processing
The value of an alloying or microalloying addition to a steel from an austenite conditioning standpoint
for controlled rolling derives from its ability to generate sufficiently large pinning forces to retard the
motion of crystalline defects such as dislocations, sub-grain boundaries and grain boundaries during
recovery and recrystallization, that would otherwise occur to lower the free energy of the system. Hence
we are interested in a quantitative assessment of how a given addition can retard recovery and
recrystallization. This is accomplished through the use of the well-known, so-called “double hit test”
[64,130-132], where a series of samples is reheated to a given temperature and then cooled to the
temperature of interest. One specimen is deformed continuously to a large strain and the resulting flow
curve acts as a reference for the interrupted tests to follow. Other specimens are deformed to a constant
pre-strain, often approximating a rolling pass strain, after which they are unloaded, held at temperature
for various delay times, then reloaded past yielding. Some measure of softening is recorded for each
holding time and plots of fractional softening versus holding time at a given temperature are constructed
[64,130-132]. Earlier work on austenite has shown, approximately, that the initial 25% softening is
caused by static recovery while the remaining 75% is due to recrystallization [64,130].
This technique has been used in numerous previous studies [64,130-132], and Nb has repeatedly been
shown to strongly retard the progression of both recovery and recrystallization of austenite
[36,64,130,133]. An example of the retarding effect of solute Nb is shown in Figure 25 taken from the
work of Yamamoto et al. [134].
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Figure 25. The effect of deformation temperature on the softening behavior in 0.002C and
0.002C-0.097Nb steels [134].
In the experiment leading to Figure 25, the Nb is assumed to be in solution in the austenite. Hence, the
solute Nb was responsible for delaying the onset of recrystallization at 850ºC from 20 sec in plain
carbon steel to 400 sec in the Nb steel for a true pre-strain of 0.69 applied at a strain rate of 10 per sec.
A comparison of the solute retarding effects of the three microalloying elements Nb, Ti and V is shown
in Figure 26 [134]. It is obvious that V has the weakest retarding effect, with Ti intermediate and Nb the
strongest. It is also clear that the behavior exhibited in Figure 27 represents the same trend as found in
the Cuddy diagram, Figure 27 [135].
A comparison of the relative retarding effects of Nb as a solute and as a precipitate is shown in Figure
28 [134]. In Figure 28, the Nb in the steel with 0.002C is in solution whereas the Nb in the steel with
0.019C is present as precipitates. The precipitation has caused an order of magnitude longer delay for
the onset of recrystallization and an even much larger retardation in the progress or rate of
recrystallization.

Figure 26. The comparison of Nb, V, and Ti effect on the softening behavior in 0.002C steels [134].
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Figure 28. The effect of C content on the softening behavior in 0.10 Nb steels at 900°C [134].
A somewhat different example of this softening behavior is shown in Figure 29 [130] where the
behavior of three steels is compared. The difference in the nature and magnitude of the influence of
solute Nb and precipitated Nb is clear in Figure 29. The arrows shown in Figure 29 denote the earliest
appearance of strain-induced precipitation in austenite. Solute Nb is capable of suppressing
recrystallization for short times while precipitated Nb can for much longer times. Hence, either solute or
precipitated Nb would be expected to suppress recrystallization in strip mill rolling which has short
interpass times, while solute Nb alone could not in a reversing plate mill with much longer interpass
times. In this case, precipitated Nb would be needed.
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Figure 29. Static restoration behavior of three steels at 900°C and 1000°C. Arrows denote
first observable precipitation [130].
When a deformed, supersaturated solid solution of Nb in austenite is held at different temperatures, there
is a competition concerning kinetics between precipitation and recrystallization and their interaction.
Several studies have attempted to treat this rather complex situation [106]. One example of such work is
shown in Figure 30 [130], where the behavior of plain carbon steel is compared to that of a Nb steel.
In an attempt to explain the behavior shown in Figure 27, Cuddy tried to calculate the pinning force
required by NbC particles to suppress recrystallization [135]. This was done by equating the driving
force for recrystallization with pinning force generated by the particles. In Cuddy’s work, the volume
fractions required for the pinning force estimate were calculated using published solubility equations.
He found that the assumed homogeneously distributed array of particles could suppress recrystallization.
In later work, Palmiere et al., conducted a similar experiment but where the characteristics of the
precipitate array were taken from experimental observations [64]. This work differed from Cuddy’s in
one important way. In the study by Palmiere et al., real and local volume fractions and particle sizes
were measured on austenite grain and subgrain boundaries and in the grain interiors. The pinning forces
that resulted from these observations showed that the forces calculated at the grain boundaries were well
in excess of the driving force and could easily be responsible for the observed suppression of
recrystallization. These results are summarized in Figure 31 [6].
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Figure 31. Comparison between FPIN and FRXN versus deformation temperature. Data to the
right of FRXN will result in the complete suppression of austenite recrystallization. Data to
the left of FRXN will result in a partial or fully recrystallized austenite microstructure [64].
While it is now possible to explain why the Nb in the Cuddy diagram behaves the way it does, Figure 27
[135], i.e., that the recrystallization stop temperature increases strongly with increasing bulk Nb content,
what remains to be explained is why the microalloying elements differ in effectiveness from one
another. One possible explanation is given in Figure 32 [133], where the temperature dependence of the
driving force for precipitation, i.e., the supersaturation, is plotted versus temperature for various
microalloying precipitating systems. Of all the possible precipitating systems, only NbC can have high
supersaturations over a large portion of the typical hot rolling temperature range [64].
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Transformation and Strengthening in Nb Steels

Niobium and Transformation of Austenite
What is presented here are the manifestations of Nb beyond, and in opposition to, the ferrite grain
refining effects attributed to the austenite conditioning described above. The high Sv that results from
controlled rolling by itself would lower the hardenability of the austenite. In order to obtain lower
transformation temperatures and low temperature transformation products, this effect must be overcome
by a combination of higher alloying and/or accelerated cooling. When relatively large amounts of Nb
are in solution in austenite at the transformation temperature, i.e., high Nb contents, low C contents, and
high reheating temperatures, it often has an important effect on the CCT diagram and subsequent
transformation during continuous cooling. This is manifested as both lower transformation start
temperatures and a higher probability of achieving non-polygonal ferrite microstructures, especially at
higher cooling rates. The first effect was reviewed earlier [7,53,110,136,137], and a good example is
shown in Figure 33 [138].

Figure 32. Precipitation potential of various microalloying systems [133].
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Figure 33. Corrected Ar3 temperatures of microalloyed steels with standard austenite grain
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More recent work has shown that more than just the temperature is altered by solute Nb. The increase in
hardenability also means that for the same general conditions, the Nb steels will exhibit larger amounts
of low temperature transformation products such as acicular ferrite, Widmanstatten ferrite and bainitic
ferrite, particularly at higher cooling rates [138,139]. An example of this effect is shown in Figure 34
[138].
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Figure 34. Effects of Nb, V and Ti on volume fraction of bainite and ferrite grain size in
accelerated cooled steels [138].
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What is particularly striking about the effects shown in Figures 33 and 34 is the influence on properties,
Figure 35 [138]. While it is true that the Nb addition had a strong effect on ferrite grain size, Figure 34,
the principal effect was on the nature of the ferrite. At 0.04 Nb, about 80% of the ferrite was bainitic,
Figure 34. It seems obvious from Figure 35 that the strength increased directly with the amount of
bainite. Several similar examples have been also shown elsewhere [140-144]. The question then arises
as to how the solute Nb is responsible for the improvement in FATT. Is it the grain refinement of 20%
of the structure that is polygonal ferrite? Or, is it the presence of low carbon bainite? In simple terms,
this effect on toughness is likely due to the Nb acting as both a hardenability agent and as a grain refiner.
The transformation products resulting from the decomposition of austenite containing Nb as a solute
have a surprisingly high dislocation density. This was to be expected for acicular ferrite and bainite,
which, by their nature, exhibit very high dislocation densities [141,142]. What was not expected was the
rather high dislocation densities found in what is usually called polygonal ferrite in Nb steels
[140,141,145-147]. This often overlooked characteristic of Nb steels has very important ramifications
regarding mechanical properties as will be shown below.
Niobium and Strengthening
There is no doubt that the addition of Nb to most low alloy steels results in higher yield strengths. This
is true for both plate and strip products. What remains elusive is the precise way that Nb causes this
effect. The analysis of strength usually starts with the expanded Hall-Petch equation, where a linear
additivity of strength components is assumed:
YS obs
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observed yield strength
lattice friction stress
stress increment caused by solid solution
stress increment caused by texture
stress increment caused by dislocation
stress increment caused by precipitation

= contribution by the ferrite grain size

The universal use of this equation has been questioned lately from several perspectives. First, the
general accuracy of this approach has been questioned and new summation approaches have been
suggested [148-152]. It appears that the linear additivity approach sometimes overestimates the observed
yield strength, and other means of summing such as a root-mean-square summation might be more
appropriate [148-151]. However, a recent study of several 350 grade strip steels containing Nb showed
that the linear approach was reasonably accurate [145,146,153]. Second, if the equation is inaccurate or
invalid, then its use may lead to erroneous interpretations as to how Nb actually strengthens ferrite. For
example, the precipitation hardening increment has often been determined in the literature by subtracting
all other components from the measured yield strength. Clearly, this would lead to incorrect values of
precipitation hardening if the linear summation law were incorrect or inappropriate.
What follows are some of the potential problems encountered in ascribing attributes to Nb in terms of
contributions to strength. Consider the contribution caused by grain refinement when what is taken to be
polygonal ferrite is formed at decreasing transformation temperatures, e.g., as a result of accelerated
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cooling in a controlled rolled Nb steel that still has a portion of the initial Nb remaining in solution.
While there is little doubt that there is a reduction in ferrite grain size with falling transformation
temperature, there is also a subtle change in both the nature of the ferrite and in the grain boundaries
[147]. As the transformation temperature decreases, the grains become more irregular in shape and
boundary rugosity, and a higher proportion of the grain boundaries assume a lower angle character.
Hence, it seems most unlikely that the same Hall-Petch slope would be valid for both high angle grain
boundaries found in the larger polygonal ferrite formed at higher transformation temperatures and low
angle grain boundaries found in the smaller non-polygonal ferrite formed at the lower temperatures.
This would lead to an over-estimation of the contribution of grain size to strength at lower
transformation temperatures.
The precipitation of NbC in ferrite is often taken to be a major contributor to the strength of ferrite.
While this is widely assumed to be the case, there is very little direct evidence that any observed
precipitation actually results in significant amounts of precipitation hardening of ferrite by NbC that
occurs in commercial Nb steels, particularly strip steels. There are good reasons for this lack of
evidence. First, the NbC lattice does not fit particularly well in either austenite or ferrite, as was shown
by the lattice misfit strain in Table IV. This means that all precipitation will be either semi-coherent or
incoherent with the matrix, and will require crystalline defects such as dislocations, deformation bands,
or subgrain and grain boundaries to aid in the nucleation.
As mentioned earlier, there have been two types of precipitation formed in ferrite in transformed
microalloyed steel: interphase and general. Interphase precipitation forms in the ferrite at the advancing
austenite-ferrite interface as the transformation occurs. This leads to a sheet-like distribution where the
carbides exhibit only one of the three possible variants of the Baker-Nutting orientation relationship
[72,73,87,154,155]. Importantly, interphase precipitation of NbC is usually found in ferrite formed at
temperatures above 700ºC. General precipitation forms from a supersaturated low temperature acicular
or bainitic ferrite after the completion of the transformation, i.e., a form of direct aging. General
precipitation exhibits all three of the variants of the Baker-Nutting orientation relationship [154,155].
Examples of interphase and general precipitation are shown in Figures 12 and 13 [13]. The formation of
interphase precipitation has been studied in Nb steels [155-157], and its occurrence is shown in the TTT
diagram of Figure 36 [155-157] for a steel containing 0.07C-1.07 Mn –0.033Nb. These results were
later verified by Thillou et al. in a steel containing 0.08C-1.3Mn-0.025Nb [145,146].
It is immediately apparent from Figure 36 [155-157], that only very specific thermal paths will intersect
the precipitation region, even after it is converted to a CCT diagram. For example, the chances of
encountering interphase NbC in a commercial strip product seem highly unlikely, given that the strip
would be water spray-cooled at 30-80 ºC/sec to around 650-600ºC and then very slowly cooled to room
temperature. This cooling path would completely miss the region of the TTT or CCT diagram for
interphase precipitation, i.e., temperatures in excess of 700ºC. Similarly, the accelerated cooling of plate
at 10 ºC/sec to around 600º C or below, followed by air cooling, would also be expected to largely miss
this region on the TTT diagram. However, the air cooling of plate at below 1 ºC/sec from the finish
rolling temperature might be expected to penetrate the interphase region. Sakuma and Honeycombe
have suggested that the prerequisite for the formation of interphase precipitate is a balance between the
ferrite growth rate and the supersaturation of NbC in ferrite [155-157]. Interphase precipitation is
favored by slow growth rates and high supersaturations of NbC. It is quite important to note that little
general precipitation was found below 700ºC in the Sakuma and Honeycombe study. Again, this was
also found by Thillou et al. [145,146]. In a similar vein, little precipitation hardening was found in
studies of both laboratory processed (i.e., coiled) and commercial 350 grade Nb high strength strip
[145,146].
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These observations regarding precipitation in strip steels are important, but it should be kept in mind that
the Nb levels used in these steels were 0.035% or less. It is interesting to consider what might be
expected in steels of higher Nb content and where the Nb/C ratio is closer to stoichiometry, which would
maximize the volume fraction of NbC available for precipitation. In this regard, TEM studies of
commercial strip steels containing 0.09C-1.2Mn-0.1Nb [87] and 0.08C-1Mn-0.065Nb [158] revealed
that little, if any, fine scale precipitate was present in either steel. On the other hand, a recent TEM
study of a high Nb plate steel designed for high temperature processing, designated HTP steel,
containing 0.03C-1.5Mn-0.08Nb and air cooled to room temperature after rolling, revealed that
precipitation in ferrite representing approximately 80 MPa of Orowan-Ashby strengthening was found
[159]. Also, precipitation hardening approaching 100 MPa has been found in air cooled plate containing
0.04 Nb and a ferrite-pearlite microstructure that exhibited a yield strength of 450 MPa [160]. These
values of 80-100 MPa probably represent the maximum amount of real precipitation hardening
achievable in Nb steels with normal compositions and processing.
It is interesting to note that the magnitude of precipitation hardening found in the plate steels, i.e., 80100 MPa, is fairly closely predicted by two diagrams representing precipitation hardening according to
the Orowan-Ashby theory. If one assumes (i) particle diameters of 2-3 nm and (ii) that perhaps 50-70%
of the bulk Nb might be available after rolling for precipitation in the ferrite, then the diagrams
published by Gladman et al. [161] and Gray [162] predict values of precipitation hardening fairly close
to the values quoted for the air cooled plate steels. However, it is extremely important to mention that
the values predicted by these diagrams are maximum values that require certain special processing
conditions for a given level of Nb to achieve its full precipitation hardening potential. The simple
presence of Nb in a steel clearly does not guarantee any level of precipitation hardening.
By the early 1980’s, it was well known that the structure and properties of polygonal ferrite steels had
been fully optimized. For example, precipitation hardened, controlled rolled and air cooled low carbon
ferrite-pearlite steels containing 0.04 Nb, and less than 1.5% Mn and with a ferrite grain size of 5
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microns could be expected to exhibit a yield strength of around 400-420 MPa in strip and light plate.
However, with the passage of time, technological applications were demanding even higher strength
levels. It was clear that other approaches to microstructural design were needed to reach yield strengths
over 450 MPa, while keeping other important properties at acceptable levels.
One of the largest changes in the steel metallurgical landscape in the last twenty years is the application
of multi-phase microstructures in both strip and plate products. Multi-phase steels include dual-phase
(ferrite-martensite-retained austenite) [163-165] and transformation-induced plasticity (TRIP) steels
(ferrite-bainite-retained austenite) [166,167]. While ferrite-pearlite microstructures can reach yield and
tensile strengths of 420 and 550 MPa, respectively, the multi-phase steels can reach tensile strengths
well in excess of 600 MPa. Neither dual-phase (DP) nor TRIP steels is new. The DP steels originated
in 1975 [163] as a strip or sheet product and were the subject of intense research over the following next
decade [164,165]. Carbon TRIP steels were first introduced as plate product in the late 1960's [166]. In
these high carbon, highly alloyed steels, the TRIP reaction was used to attain very high strength
properties, with yield strength levels exceeding 1400 MPa and total elongations of 30% [166].
Multiphase microstructures are currently used routinely in plate steels to reach beyond what is
achievable with ferrite-pearlite steels. This is accomplished by water spray cooling the as-controlled
rolled austenite at about 10ºC/sec to the water end temperature, (WET), and then further air cooling to
room temperature. Clearly, for a given CCT diagram, the choice of WET gives some flexibility to the
final microstructural micro-constituents that can be obtained. An example of this phase balance is
shown in Figure 34 [138]. In this work, Nb has played two important roles that are often found in this
kind of microstructural development: (i) it has caused strong refinement of the final microstructure,
which includes both the polygonal ferrite and the low temperature transformation products, i.e., bainite
or martensite; and (ii) it has altered the nature of the final microstructure, often in the presence of
interrupted accelerated cooling, through its effect as a solute on hardenability. Hence, the combination
of the Nb and the interrupted accelerated cooling has enabled tensile strengths of 700 MPa to be
achieved in 20 mm plate while maintaining very good toughness, Figure 35 [138].
Niobium has also proven to be instrumental in achieving excellent properties in both hot rolled strip and
cold rolled and annealed sheet versions of multi-phase steels where strength, formability and sheared
edge ductility are important. At the high strength levels involved, with tensile strengths around 700
MPa, the multiphase steels exhibit high levels of all of these properties [101,168].
In some early work on multiphase steels, the very important but perhaps underappreciated role of
microstructural refinement on formability was presented, Figures 37 and 38 [169]. Figure 37 shows the
expected relationship between the amount of retained austenite and work hardening rate in a so-called
dual-phase steel containing a ferrite-martensite-retained austenite microstructure [169]. What is perhaps
somewhat overlooked is the importance of the scale of the dispersion of the retained austenite, Figure
38. Clearly, a fine dispersion of retained austenite is advantageous in attaining higher rates of work
hardening even at constant amounts of retained austenite. Since the interparticle spacing is directly
related to the Sv of the hot rolled austenite, the importance of Nb in austenite conditioning during rolling
is obvious.
Recent work on TRIP steels has shown a clear benefit of Nb to the microstructures, properties and
manufacturability of these steels [102,169]. Again, the benefits of the Nb additions originate in its dual
abilities to alter the transformation behavior of the hot rolled austenite and to cause microstructural
refinement.

535

Figure 37. Variation in work hardening parameter with increasing retained austenite volume
fraction [169].

Figure 38. Correlation between work hardening parameter and mean austenite interparticle
spacing [169].
The influence of microstructural refinement on work hardening rate (WHR) and total elongation can be
traced back to early work of Ashby [170,171], in which he studied the work hardening of plastically
heterogeneous materials. Ashby's work led to the equation:
1
2
dı
ĮG > f b / D İ @
dİ
(19)
where:
Į = constant near 1
G = shear modulus
b = Burgers vector
f = volume fraction of hard phase
D = diameter of hard phase.
İ = strain
When this equation is expressed in terms of f and Ȝ, the inter-island distance between hard volumes, the
WHR varies as Ȝ-1/2. Hence, the work hardening rate is inversely related to the dispersion of the
martensite-retained austenite islands in the DP steels and to the bainite-retained austenite islands in the
TRIP steels; the finer the dispersion, the higher the work hardening rate. The experimental verification
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of this theory has been clearly established for the martensite islands in DP steels [97,172]. Equation 31
explains, to some extent, the importance of Nb in these multiphase steels. The use of Nb allows very
high values of Sv to be achieved for the controlled rolled austenite. Higher values of Sv mean smaller
values of Ȝ in equation 31, and, hence, higher values of both work hardening rates, and total elongations,
and stretch formability.
In summary, Nb has long been recognized as being able to increase the strength of ferrite in ferrite –
pearlite steels through various means. This has led to steels with yield strengths near 400 MPa. Higher
strength steels have required multi-phase microstructures involving combinations of microconstituents
such as ferrite and low temperature transformation temperature products such as bainite and martensite.
Research over the past two decades has shown that Nb is also important in achieving the proper
microstructure and final properties in these newer steels. Besides its well recognized benefit to austenite
conditioning, and, hence, to microstructural refinement, Nb has also been shown to play a critical role in
helping control the evolution of final microstructure in these steels during plate, strip and sheet
processing.
Niobium and Stabilization

Within the past ten years, niobium has become a popular addition to two important classes of steels, the
ultra-low carbon (ULC) or interstitial-free (IF) steels and in ferritic stainless steels (FSS). The primary
reason for making the addition of Nb was to complement Ti in the stabilization of carbon and nitrogen,
i.e., the removal of C and N from solid solution, in these steels. However, later work has shown that the
addition of Nb can have benefits far beyond simple stabilization. In ferritic stainless steels stabilization
is used to remove the yield point and prevent strain aging, but it also plays the important role of reducing
or eliminating sensitization. Sensitization is the intergranular corrosion caused by the precipitation of
chrome carbides at the ferrite grain boundaries, thereby depleting the grain boundary region of sufficient
chrome to prevent grain boundary attack [173,174]. In ULC steels, the stabilization is important mainly
because it removes the yield point after either batch or continuous annealing, prevents strain aging, and
it aids in the development of suitable crystallographic textures to enhance formability [175,176].
Niobium in IF Steels
The early IF steels were stabilized by Ti alone, where enough Ti was added to theoretically tie up all of
the C, N and S in the steel [175]. The amount of Ti required for complete stabilization was often given
as:
Ti = 4C + 3.42N + 1.5S
(20)
The first particle that forms with falling temperature is TiN. The subsequent behavior of Ti depends
upon the initial sulfide that forms in the interdendritic pools [177]. For example, if the Mn is below
about 2000 ppm, TiS is formed. TiS is a complex compound with a rhombohedral crystal structure that
can exhibit numerous crystal structures or polytypes, based on the defect structure contained within the
structure. It has been found that when both the bulk Ti content is high (over 0.06 wt%) and the Ti/S
ratio is high (over 7), the 9-R rhombohedral form of TiS is formed. When the bulk Ti is lower (0.04),
and the Ti/S ratio is lower (near 5), the 18-R and 6-R polytypes of TiS are formed. During subsequent
cooling, the different polytypes of TiS behave differently. The 9-R polytype undergoes intercalation
during cooling such that layers of Ti and C are added to the pre-existing layers of Ti and S to form the
hexagonal or H- phase Ti4C2S2 [177]. This results in the following in-situ transformation of TiS: [177]
TiS(9-R) + Ti +S = ½ Ti4C2S2
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(21)

Hence, the formation of H-phase is one way of stabilizing carbon. This might be followed by the
formation of TiC if there were more Ti and C in the steel than could be incorporated into the H-phase.
When the 9-R TiS is predominant, the precipitation behavior, as shown in Figure 39 [177], was
suggested, depending upon the composition of the steel.

Figure 39. Proposed precipitation behavior in ULC steels with TiS-(9R) and Ti4C2S2 (H) as
dominant [177].
The 18-R and 6-R polytypes often do not fully transform during cooling. Thus, all of the carbon, in this
case, would be tied up as TiC, and the resulting hot band would contain a mixture of TiN, TiS and TiC.
Also, when the Mn is high, say over 3000 ppm, MnS is favored over TiS, and the resulting precipitates
found at room temperature in the hot band would be TiN, MnS, and TiC.
From the above, it is clear that there can be multiple roles for Nb in these steels [176-179]. In steels
exhibiting the 9-R TiS polytype, Nb can act to: (i) replace some or all of the Ti in the intercalation of
TiS to Ti4C2S2, (ii) replace some or all of the Ti used to form TiC to remove C in excess of that level
that could be consumed by intercalation, or (iii) remain in solid solution [178]. In low Ti steels, where
there is insufficient Ti to tie up all of the carbon, Nb has been used to form NbC. A similar behavior is
found where high Mn is used.
One problem with Ti stabilized IF steels is their inferior behavior after galvannealing. Problems such as
the outburst phenomena and powdering have created concern in this important product [179]. Early
empirical work had shown that the presence of Nb in a Ti treated IF steel, i.e., dual-stabilized steel, often
led to marked improvement in the overall behavior and performance of galvannealed steels during
forming operations [177-179]. Recent work has shown that superior galvannealing performance, e.g.,
adherence and powdering resistance, may be the result of the presence of solute Nb. When more Nb is
added in excess to that which is necessary, along with Ti, to fully stabilize the steel, this solute Nb has
been observed to strongly segregate to the ferrite grain and subgrain boundaries, Figure 40 [177]. This
boundary segregation, along with free surface segregation of solute Nb, is thought to be responsible for
the improved stability of the galvannealed coating. While a complete understanding of the powdering
phenomenon is lacking, recent work has shown that reducing the gamma phase layer thickness at the
zinc-steel interface appears to be critical in improving powdering resistance [180]. It has been found that
the thickness of this gamma layer appears to diminish with increasing Nb levels [181].
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Figure 40. Concentrations of Nb on the grain boundary, on the subgrain boundary, and
within the matrix, measured by APFIM from a finish rolled and/or coiled IF steel [177].
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Figure 41. Alloy design for keeping 150 ppm Nb in solution [183].
If solute Nb on the ferrite grain boundaries is the key to better resistance to the outburst phenomenon,
and if solute Nb at the free surface is the key to better coating adherence, two questions arise: (i) how
much solute Nb is needed for significant improvement? and (ii) how does one get this solute level?
Recent work has shown that the galvannealing performance of a dual stabilized IF steel was much better
than that for a Ti stabilized IF steel [182]. In this work, about 150 ppm Nb was estimated to be in
solution at room temperature. The following diagram, Figure 41, illustrates the combinations of
additions of Ti and Nb for given levels of C and S that would be needed in a typical IF steel in order to
guarantee that 150 ppm Nb would remain in solution at room temperature [183]. This figure shows, for
example, that for IF steels containing 30 ppm C, 30 ppm N, 80 ppm S and 600 ppm Ti, a Nb addition of
200 ppm would be required for a Nb solute level of 150 ppm. A similar steel containing 40 ppm C
would require a bulk Nb content of about 240 ppm to keep the 150 ppm Nb in solution. A research
program is currently in progress to better define the compositional requirements of the steel substrate for
superior galvannealing.
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Finally, there are two other important effects that have been attributed to solute Nb that has segregated
to the ferrite grain boundaries. First, it has been shown to be important in helping overcome the
deleterious effects of P in cold or secondary work embrittlement [179,184,185]. Second, it has been
shown to be important in improving the crystallographic texture in cold rolled and annealed IF steels
[179,186-188].
Niobium in Ferritic Stainless Steels
In 1997, the North American stainless steel industry produced approximately 2.4 million tons of steel of
which about 62% was austenitic stainless and 33% was ferritic stainless. Of the austenitic stainless
steels produced, T304 and derivatives were the largest group representing about 62%, with T316
representing 13% and T301 representing about 10%. On the ferritic stainless side, T409 represented
about 67% of the total ferritics, with T43X representing about 12% and T439 representing about 4.2%.
Within the last decade, the growth in use of Nb in ferritic stainless steels in North America was
extremely strong. This has been particularly true in T409 used mainly for automotive exhaust systems.
In general, Nb is added to ferritic stainless steels to achieve several benefits that include:
Intergranular corrosion resistance (stabilization)
Creep resistance
Roping and ridging resistance
Oxidation resistance
Improved surface quality
Improved die wear during forming
These advantages have been discussed and explained elsewhere [189,190].
The first stabilized ferritic stainless steel intended for the automotive exhaust system was developed by
Allegheny Ludlum in 1961. This steel contained 12% Cr, was fully stabilized with Ti, and now has the
designation UNS S40900. Over the past decade, dual stabilization of T409 with Ti + Nb has become a
popular alternative to the earlier Ti-only approach. The dual-stabilized T409 steels fall under the
classification of UNS S40930. There are several reasons for this change in stabilization systems; these
have been reviewed by Franson and Fritz [191].
The effectiveness of Ti + Nb as a stabilization system is shown in Figure 42 [191]. Figure 42 indicates
that while the choice of Ti alone or in combination with Nb would appear to be equivalent, this choice
has ramifications far beyond simple sensitization and stabilization. For example, T409 stabilized with
the combination of Ti + Nb, designated as T466, shows an improvement in creep or sag resistance,
especially between 600ºC and 800ºC, Figure 43 [191]. Also, the oxidation resistance of dual-stabilized
T466 is much better than that of the Ti-only T409, Figure 44 [191]. The benefits of the Nb additions
shown in Figures 43 and 44 are probably caused by a combination of solute and precipitated Nb. As
noted earlier, other benefits of Nb additions in dual-stabilized T409 include improvements in texture
formation and formability [192,193], surface quality, and die wear [189-193].
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Figure 43. Elevated temperature tensile properties [189,190].
To explain some of these differences in behavior, a study is currently being conducted of the
precipitation in single stabilized (Ti) and dual-stabilized (Ti+Nb) T409 ferritic stainless steel.
Preliminary results indicate that there are clear differences in the precipitation behavior [194]. Both
steels showed precipitation of TiN that had occurred at high temperature, possibly in the liquid or in the
interdendritic pools, that was stable during subsequent processing. In the Ti-only steel, precipitation of
TiC upon cooling occurred between 830ºC and 780ºC. The TiC was observed on the pre-existing TiN,
on the ferrite grain boundaries and in the matrix. The precipitation sequence in the dual-stabilized steel
was similar. There were two major differences in precipitation between the two steels. First, the carbide
in the dual-stabilized steel was a mixed (TiNb)C. Second, the precipitation in the dual-stabilized steel
occurs at much higher temperatures upon cooling than in the Ti-only steel, i.e., near 1200ºC as
compared to the 830 - 780ºC range for the Ti-only T409. An example of the epitaxial precipitation of
(TiNb)C on TiN in the dual-stabilized T409 is shown in Figure 45 [194]. This difference in
precipitation temperature can have important ramifications regarding the behavior during hot
deformation. The fact that the C in the dual-stabilized T409 is stabilized at temperatures near 1200ºC
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means that most, if not all, of the hot rolling of ferrite in this steel in a typical strip mill will occur in the
absence of solute carbon. This will not be the case for the Ti-only steel since the TiC does not form
until 830ºC, or while the strip is on the runout table or in the coil. The absence of solute carbon during
hot rolling of the ferrite in the dual-stabilized T409 is expected to aid in the formation of beneficial
texture components. The effect of solute carbon on texture development has been observed repeatedly
in the ULC steels discussed above [175,176,179,187,188,195].
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Figure 45. Secondary electron micrograph and back scattering image of a large cube-shaped
(TiNb)(CN) particle, with small epitaxial NbC particles attached [194].
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Summary

The past twenty years have witnessed growth in both the applications of Nb in steels and in our
understanding of how Nb affects its benefits. Furthermore, niobium additions are now the basis for new
high strength multi-phase steels for both strip and plate applications. Other new applications include
stabilization of both IF steels and ferritic stainless steels. Perhaps the most important new finding
concerning the behavior of Nb is the role played by solute Nb in improving a wide range of structure,
properties and performance. Since the first commercial Nb steel was produced in 1958, the impressive
benefits attainable through the addition of this microalloying element has spawned nearly five decades
of intense research. Some of this work was aimed at simply documenting the benefits of improved
microstructure, properties or processing. Others chose to delve into the mysteries of how Nb acted to
create its powerful effect. The story of the use of Nb in steel is by no means complete nor concluded
here in 2001, to which the researchers 20 years hence will surely attest.
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