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Abstract
The weld heat affected zone (HAZ) in steels differs appreciably in both microstructure and
properties from the parent steel as a consequence of the thermal cycles involved in either pipe
manufacture or during the laying of transmission pipelines. In the former case, two pass welding
is often used in producing the individual lengths of pipe which constitute the pipeline; firstly a
pass is made filling the inside joint, then a final pass sealing the outer pipe surface. The thermal
cycles surrounding such welds are determined by the welding heat input used and will vary with
plate thickness. Examples of the range of microstructures encountered for typical pipe plate
compositions are reviewed and their influence on the mechanical properties of the seam weld
assessed. There are several regions of the HAZ where significant changes in properties may be
encountered. The first of these is the coarse grained HAZ (CGHAZ), the focus of this paper,
secondly in the intercritical (IC) or grain refined (GR) regions of the HAZ and, thirdly, those
regions where the CGHAZ microstructure of the first welding pass is modified by the subsequent
weld run on the outside surface. The latter causes tempering of the original CGHAZ structure,
whilst there may be additional embrittlement from precipitation or other microstructural changes.
The factors leading to the evolution of the CGHAZ microstructure during cooling after welding
are, primarily, the austenite grain size resulting from the weld heating cycle and the steel
composition. The major microstructural changes are the formation of martensite or mixtures of
martensite/bainite and these depend, critically, on the transformation behaviour of the steel. As
carbon contents have been reduced over the past 3 decades, increasingly, ‘carbide free’ bainitic
microstructures have become a feature of the CGHAZ and some consideration is given to the
prospects for developing acicular ferrite HAZ microstructures. The poorer properties associated
with the IC and GRHAZ remain and may be exaggerated by higher alloy content used to depress
transformation temperature in more recent pipe steel compositions. The role of microalloying in
controlling the grain coarsening response is assessed in the light of the size and distribution of
the microalloy precipitates in the parent plate. These considerations lead to the conclusion that a
significant part of the microstructural changes, including changes in precipitate response to the
thermal cycle, in various regions of the HAZ are indirectly linked to the process history of the
parent steel. Examples are described for some simple steels.
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Introduction
Steels for pipeline construction range from the simple, based on C-Mn compositions, typically
used for water transmission at low pressures, to the complex, carefully engineered and processed
compositions used for oil or gas transmission in sub-sea or harsh environments, for example the
Arctic. The latter steels are characterised by sophisticated chemical compositions, usually
microalloyed with combinations of Nb, V and/or Ti, allied with precise control of their
processing. The most desirable attribute of a steel is that the mechanical properties across the
welded region remain as uniform as possible, ideally matching those of the parent steel and at the
most economic cost, ‘the metallurgist’s delight’. In other words, the ease of weldability is
paramount.
In the context of pipeline construction, there are 2 aspects of weldability that need to be
considered: firstly, the influence of the welding process used in the pipe-making operation and
secondly, the effects of welding pipe lengths to form the finished pipeline. In the latter case,
some consideration might also need to be given to joining of ‘crack arrester’ components, should
these be part of the pipeline design. The metallurgical changes resulting from welding during
pipe production are, largely, the result of the effect of the thermal cycle resulting from the
passage of a molten weld pool through the steel. In the case of seam welding of linepipe, the
extent of the HAZ, and the corresponding changes in mechanical properties, depend on the plate
thickness and the weld heat input, usually in the ranges ~8 to around 45 mm and <~3 to >~10
kJ/mm respectively, with the lower end of this range being more typical of spiral welded pipe,
where pipe wall thicknesses are generally lower, up to ~25 mm.
Pipe to pipe joining, to form the transmission line, is generally designed to match as closely as
possible (if not overmatch) the original pipe properties and, in achieving this, the weld design is
such that many small passes are used and a correspondingly narrow HAZ results. In general
terms, the extent of the mechanical property changes is modest and rarely a major problem, apart
from a need imposed by specification to limit the weld zone hardness to some particular value,
and where the hydrogen originating from the welding process may lead to hydrogen induced cold
cracking (HICC) in either the HAZ or the weld metal.
This paper concentrates on the microstructural changes, and hence, mechanical properties caused
by the thermal cycles attendant on 2-pass seam welding of linepipe. Firstly, a brief review of the
effects of weld thermal cycles will be presented as an introduction to surveying the
microstructural changes in particular regions of the HAZ and how these are related to various
aspects of the steel composition. In doing so the effects of the metallurgical processing used for
pipe plate production on the nature and distribution of the microalloying precipitates will be
highlighted.
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Metallurgical Effects of Welding
Heat Flow
It is convenient to regard the weld thermal cycles, and therefore the metallurgical changes, as a
simple function of three variables: thickness of the material being welded, the initial temperature
of the material and the amount of energy input from the welding operation. This latter quantity is
termed heat input, expressed as energy per unit length of weld. A nearly exact solution of the
heat flow around a weld was first proposed by Rosenthal [1] and formed the basis for most of the
subsequent modelling of the HAZ thermal profile. A typical analytical expression for the heat
flow during welding is shown in Figure 1 from the work by Nippon Steel Corporation [2]. Such
mathematical models allow an almost complete description of the time temperature profiles
around a weld. In most cases a simplifying approximation is made that the weld is a point source
of heat; however, some error is introduced by this assumption and recent modelling has included
the case where the weld pool length is not negligible as in multiple wire seam welding of pipe
[3]. For the steel compositions used in pipe production, the transformation from austenite formed
in the HAZ takes place largely over the temperature range 800 to 500 oC. The time taken to cool
between these temperatures, ∆t800/500, is related to the weld heat input and the other variables
mentioned above. Various nomograms exist for predicting an appropriate value for cooling time,
an example is shown in Figure 2, although care is needed in their use.

Figure 1. The general form of the weld heat flow equation, after [2].
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Figure 2. A nomogram for estimating the cooling time at the fusion line of a weld HAZ.
While the weld thermal cycles at various distances from the fusion boundary can now be
modelled rather precisely, from a metallurgical point of view they broadly divide into the
following regions (the width of which depends somewhat on the transformation characteristics of
the steel, but always increases with weld heat input, alternatively, the characteristic weld HAZ
cooling time, ∆t 800/500 ):
SCHAZ, Sub-Critically Reheated HAZ. This is a region where the steel is heated to some
temperature below the lower critical temperature or Ac1 of the steel. Little or no change in
microstructure occurs in this region, but it should be remembered that microalloyed steels rely on
precipitation and some additional precipitation or over-ageing effects may occur in this region,
particularly when high heat inputs, >about 3-5 kJ/mm, are used. Any metallurgical effects are
usually assumed negligible below 450 to 500 oC.
ICHAZ, Inter-Critically Reheated HAZ. In this region the steel is heated to temperatures
between the Ac1 and Ac3 points where a microstructure of ferrite and austenite is produced at
the peak temperature reached during the weld cycle. The microstructure across this region
therefore depends on the peak temperature reached and the subsequent cooling time and
therefore a wide range of microstructures are formed. If the cooling time is rapid and the peak
temperature is close to the Ac1, hard brittle martensite with a high carbon content will be
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formed, conversely if the peak temperature is close to the Ac3 the martensite volume fraction
will be larger and the carbon content lower. Note that transformation to high carbon martensite
occurs below ~300 oC.
GRHAZ, Grain-Refined HAZ. In this region the steel is heated into the austenite phase field but
little or no grain growth occurs, the resulting austenite grain size is therefore fine and ferrite reforms on cooling from the peak temperature. Across this region the peak temperature reached
lies between the Ac3 and, for microalloyed steels, the solvus of the precipitating species.
Depending on the cooling rate, martensite may also be present as in the ICHAZ.
CG or GCHAZ, Coarse Grained or Grain Coarsened HAZ. This region of the HAZ is where
austenite grain growth is extensive because of the peak temperatures reached; in microalloyed
steels the characteristic temperature above which this region becomes pronounced is usually
above the solvus for the microalloying addition(s) used in the steel. The width of this region
dominates the impact behaviour of welds. There are 2 principal effects on mechanical properties,
one arises from the change in microstructure and the other relates to the dissolution of microalloy
precipitates.
In 2 pass welds characteristic of pipe seam welding, there are other regions of the HAZ which
experience thermal cycles as the HAZ formed by the inside pass is reheated by the outer bead
pass. The two most significant, in terms of changes in mechanical properties or ability to meet
pipe specifications, are:
ICCGHAZ, Intercritically Reheated Coarse Grained HAZ. This is a region in which the coarse
austenite structure first transforms to a coarse bainitic or martensitic microstructure which is
subsequently reheated into the austenite/ferrite phase field forming a coarsened bainitic structure
with embedded regions of high C austenite which transforms to a range of microstructures during
cooling from the peak interpass temperature. These are commonly referred to as ‘microphases’
or retained austenite and martensite constituents, M/A phase will be used in the remainder of the
paper.
SCCGHAZ, Sub-Critically Reheated Coarse Grained HAZ. This region is generally not
important in C-Mn steels although tempering of brittle constituents will occur which tends to be
beneficial to toughness. However, in microalloyed steels additional precipitation can occur on
reheating the CGHAZ producing additional embrittlement.
The location of these zones relative to the weld is shown in Figure 3a and the corresponding
thermal cycles in Figure 3b. Note however, whilst thermal cycles can be modelled and, with a
degree of difficulty measured, the austenitising response of the steel is often assumed to be
relatively constant.
The 'Sampling' Problem in HAZ Mechanical Properties
In general, it is difficult to identify uniquely systematic effects of composition, particularly those
due to microalloying, on HAZ mechanical properties because of large variations in individual
Charpy values taken from nominally identical positions. Part of the scatter can be understood in
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terms of the positioning of the Charpy notch in the HAZ, Figure 4, which, in most pipe welds,
samples a range of microstructures. Bearing in mind that seam weld bead width and depth can
vary along the welded length, a nominal fusion line, FL, location can vary by a minimum of +/0.5 mm from this nominal position leading to a ‘natural’ scatter in results due to the severe
microstructural gradient away from the fused zone. To mitigate the 'sampling' problem, HAZ
testing is usually specified with respect to a nominal fusion line (FL) position plus some distance
marker, for example FL, FL +1 mm, FL +3 mm etc., Figure 4. A judgement must then be made
as to the deterioration of HAZ properties by comparing sets of data from different pipes for a
particular application. To place these effects in context it is worthwhile remembering that for a
typical pipe weld HAZ the CGHAZ may only comprise 10 to 20% (1 to 2 mm) of a Charpy
notch placed at the fusion line position and given the tolerances involved in location a wide
scatter in results is inevitable. In addition, the measured Charpy energy values will be greatly
influenced by weld metal toughness. With some pipe weld thickness, and bead geometries, the
notch location may include regions of the ICCGHAZ or SCCGHAZ formed when the outer weld
bead reheats the CGHAZ regions which formed during deposition of the inner bead. Should this
region be suspected of being critical in terms of properties, it is almost impossible to judge
without further testing, for example CTOD, whether this region of the HAZ is responsible for
poor toughness, partly because of the limited size of these zones. Hence in some cases additional
criteria, such as a limitation on weld zone hardness, are included in some pipe specifications.
CTOD (crack tip opening displacement) testing has, also, been commonly used, and occasionally
required by specification, to sample embrittled regions, so-called local brittle zones, because the
fatigue crack tip is much sharper and therefore more easily placed in that particular region, as in
Figure 4. Such tests are known to be influenced by local residual stresses around the weld, and
for pipe welds these are influenced by pipe expansion strains.

Fig. 3a

Fig. 3b

Figure 3. Schematic showing the various regions of microstructural change around a weld,
although this shows 3 beads the thermal cycles remain unchanged.
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Figure 4. Showing typical locations for Charpy test pieces and notch positioning for CTOD tests
for CGHAZ toughness.
By generating weld bead profiles which result in gently sloping fusion boundaries, as in Figure
5, the general form of the changes in Charpy or CTOD properties across the HAZ is more easily
observed. This technique has the advantage that the HAZ is comparable to that of a pipe weld in
terms of width and microstructural gradient with notch placement being rather easier although
still subject to similar scatter. A variant of this uses a weld preparation with a straight edge along
which the notch is placed. In either case, the effects of steel composition can be examined in
terms of microstructural changes and effects on mechanical properties. The effect of ∆t 800/500 on
microstructure is also easily assessed by changing heat input or preheat temperature.

Figure 5. Typical weld bead profile for HAZ toughness assessment at high heat inputs, this
example is 7.5 kJ/mm.
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A more useful technique, and in reality the only way of comparing the effects of particular
additions on HAZ tensile properties, is that of HAZ simulation. Here the steel is subjected to
thermal cycles derived from the various mathematical models of welding although it can be
difficult to achieve the heating rate comparable to that of a weld. The great advantage is that a
large volume of simulated weld HAZ microstructure is available for study and the effects of the
thermal cycles resulting from additional welding passes can be examined in detail (by
reproducing the relevant thermal cycles) unlike the small volumes available from ‘real’ welds.
However, the significance of the thermal gradient implicit in a ‘real’ weld should not be
underestimated. During HAZ simulation, austenite grain growth is essentially unrestrained unlike
that in a weld where austenite grains formed at lower temperatures, and therefore smaller, have a
marked effect on the size to which the CGHAZ austenite grains grow since this region may be, at
most, only a few grains wide depending on the grain growth behaviour of the steel and heat
inputs involved in seam welding. At the other extreme, the absence of the liquidus adjacent to the
weld pool also changes grain growth characteristics during simulation. Nevertheless, results from
simulation can provide microstructural information germane to optimisation of steel
composition.
Generic Effects of Steel Composition and Processing on HAZ Mechanical Properties
A ‘carbon equivalent value’ (CEV), of which there are many, can be calculated for any steel
composition and applied to judge potential weldability: the most commonly used are Lloyds or
P cm formulae as used by Graville [4], Figure 6. Much more reliance is placed on empirical
correlations between composition, toughness and/or hardness and there are many such empirical
relationships described in the literature relating HAZ properties, usually hardness or impact
toughness to composition, an early example is shown in Figure 7 [5]. Whilst many such
correlations, such as the IIW CEV or the various alternative formulae have been presented, most
assume some typical austenite grain size which is known to be sensitive to alloy content or steel
composition and thermal cycle [6-10]. Much less is known, and not well documented, about the
influence of process route. In this context, the differences in grain growth behaviour between
modern steels of increasing cleanness or residual levels and steels of an earlier generation can be
marked and lead to situations where empirical rules derived on the basis of the latter group of
steel no longer hold true. It is worth pointing out here that some of the empirical relationships,
from which restrictions on composition in pipe specifications are often generated, are based on
steels first developed some 40 years ago. With the continuing improvements in steelmaking and
processing technologies, some of these might usefully be revised. Such a situation will continue
to arise as steelmaking techniques improve or processing changes.
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Figure 6. Diagram due to Graville [4] intended to indicate the ease of Weldability, Zone 1 being
where little care is needed, Zone II some care and Zone III considerable care is necessary.

Figure 7. Example of correlation between steel composition and CGHAZ Charpy transition
temperature. Adapted from [5], P BB is a measure of the weld bond brittleness.
By correlating the performance in service or study of mechanical testing of welds at FL, FL+1
etc., with one or other of the CEV formula (such as P cm [10] or P BB [5], Figure 7) some limit,
generally derived from service performance criteria, can be placed on steel composition. Hence,
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for example, a hardness limitation of, say, 350 Hv may imply a maximum CEV of, say 0.38 but
this restriction takes little or no account of the other factors implicit in controlling transformation
behaviour, such as HAZ cooling rate or austenite grain size. Some of the carbon equivalent
formulae specifically contain factors for microalloying additions [6,7] and ∆t 800/500 [6-10]. Few
include a measure of the influence of austenite grain size widely regarded as a key parameter in
establishing the range of microstructures or hardenability as would be the case for conventional
heat treatment. As an example, for a typical X65 composition (0.09%C 1.45%Mn 0.03%Nb
0.3%Cu+Ni) the cooling time to form a 90% martensite/bainite microstructure can change from
8.5 (35 oC/sec) to 12 (25 oC/sec) seconds if the austenite grain size changes from 100 to 150 µm,
accompanied by a significant change in hardness [11]. The cooling time change is equivalent to a
not inconceivable deviation in heat input from 1.6 to 2.0 kJ/mm for a 20 mm plate thickness [2]
emphasising the need for precise control of welding parameters during seam welding. In
addition, some particular microstructures arising during weld thermal cycles, such as bainite,
acicular ferrite or martensite or mixtures thereof, are associated with particular ranges of
toughness and hence the transformation characteristics invariably dictate the level of toughness
observed.
That the HAZ microstructure is determined by the transformation characteristics of the steel
from an austenite grain size characteristic of the HAZ thermal cycle in question, is self evident.
Therefore, development of austenite grain size during the thermal cycle, particularly in the
presence of microalloying elements, is closely linked to the deterioration of properties after
welding, even at constant composition, and is dealt with in a later section.
Generic Changes in Toughness or Hardness Across the Weld HAZ
That there is always deterioration in weld HAZ properties seems to be a common myth among
welding engineers and metallurgists. Such attitudes probably arose due to the types of steel
available at the dawning of welding technology. Given that steels of that era were appreciably
higher carbon content than those currently used, coupled with the use of generally lower weld
heat inputs then a high hardness after welding was inevitable. The austenite grain growth
behaviour of these steels, most of which were not ‘microalloyed’, differed from those currently
in use and relied on Al and/or Si for deoxidation. Take the example, not untypical of 75 years
ago, of a normalised 0.2%C plate steel, the martensitic hardness could be in excess of 350 Hv in
the HAZ and the impact toughness would be significantly inferior to the softer ferrite/pearlite
parent plate microstructure. As microalloyed steel technology developed the link between C
content and mechanical properties altered because the necessary ferrite grain size refinement
could be produced by controlling the austenite grain size by dispersions of either AlN and/or
NbC or VN. Consequently, not only could carbon content be reduced but the parent steel
properties increasingly depended on conditioning of the austenite allowing independent control
of the ferrite grain size and the extent of precipitation strengthening from the microalloying
additions.
It is therefore quite instructive to consider the relative changes in HAZ properties for a simple
microalloyed steel where the parent plate strength is similar but the impact properties differ
considerably. These differences in properties can be achieved by controlling the rolling of a
simple C-Mn-Nb (0.14%C 1.35%Mn 0.036%Nb) to very different rolling schedules, in this case
on a reversing plate mill. One is dictated by the need to maximise plate mill throughput, termed
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as-rolled, AR, the other designed to optimise plate properties by control of rolling operations,
now better known as thermomechanical controlled rolling, TMCR. If such steels are welded with
bead profiles as shown in Figure 5 then the changes in toughness across the HAZ can be
examined. Although the schedules were designed to achieve similar yield strength, say 350
- 420 MPa, the absolute values of Impact Transition Temperature (ITT) differed, in the range -10
to 20 oC for AR compared to -20 to -50 oC for the TMCR steel. The pattern of relative (note, not
absolute values) changes in HAZ toughness is shown in Figure 8. Note that in the AR steel the
CGHAZ properties improve marginally after welding compared to the dramatic fall for the
TMCP condition. This situation arises because of the nature of the structure/property
relationships for the different rolling conditions. In the AR condition, the impact toughness of the
base steel is a balance between the improvement from refining ferrite grain size, ~-10 oC/d1/2
(mm-1/2), and the deterioration by precipitation hardening, σ p , +0.5 oC/MPa,. In the TMCR
case, a similar range of yield strengths matching those in the AR condition, can be achieved
almost entirely by ferrite grain refinement alone which greatly improved the impact toughness of
the base steel. Put in simplistic terms, since the CGHAZ microstructure is largely a function of
the welding cycle in both cases, by processing the same steel composition in different ways
weldability has changed, in that in the AR condition there is little deterioration, to the
metallurgist, a delight; after TMCP processing there is a dramatic change, to the welding
engineer, a nightmare? However, if CGHAZ hardness is the sole arbiter of weldability then there
is little difference as this is determined largely by the steel composition.

Figure 8. General trends in relative Charpy energy as a function of distance from the fusion line.
The dotted line refers to AR steel, solid line is for TMCR steel and the horizontal line represents
the relative (not absolute) base toughness of the parent steels.
The contrast depicted for this particular steel, between the conventionally processed and TMCR
conditions serves to make a point, but it must be remembered that the changes are relative to
different baselines, with that of the TMCR steel being considerably higher. Also it should not be
assumed to be the same for other steel analyses, processing routes or welding procedures. More
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particularly, this comparison can only be taken to imply that TMCR steels show comparatively
larger changes as a consequence of their particular process route and do not suggest such steels
are inferior in service because there is vast experience elsewhere which confirms that this is not
the case. The results included herein are simply presented to illustrate the possibility that
processing history and other factors may have to be taken into account when evaluating the
weldability of HSLA steels.
For the AR steel, the minimum toughness does not correspond to the CGHAZ but in common
with TMCP this lies in the ICHAZ, in this case corresponding to the formation of a relatively
fine grained ferrite contained high carbon brittle martensite. Although AR steels are rarely used
for premium pipe plate, these differences serve to illustrate the effects of parent plate
microstructure on one aspect or other of the toughness across the whole of the HAZ. Of course,
because of the ‘sampling’ problem discussed earlier, whether such differences show up in routine
specification testing is debatable. Nevertheless, these effects illustrate coupling between ferrite
grain refinement and precipitation hardening used to develop the base plate mechanical
properties and the overall changes in HAZ properties for a given thermal cycle.
Microstructural Aspects of the ICHAZ and GRHAZ
In general terms, the ferrite grain size of the IC or GRHAZ is governed by the kinetics of reaustenitisation. Re-austenitisation begins at pearlite colonies but at rapid heating rates, as in the
weld HAZ, also at ferrite/ferrite boundaries [for example, 12]. Consequently, it has been shown
that the final austenite grain size reached is largely controlled by the initial or parent plate ferrite
grain size and there are direct relationships between ferrite grain size and austenite grain size in
various types of steel [13,14]. In the ICHAZ the austenitising process is only partially complete
before cooling takes place, thus the microstructure largely reflects the parent plate ferrite grain
size and the peak temperature reached. For a given ICHAZ weld cycle, changes in properties will
be closely related to those of the parent plate.
Hence, for example, if the toughness of a C-Mn AR steel is comparatively poor and results from
the formation of a coarse ferrite grain structure, say 10 to 15 microns, then, in the absence of
microalloying additions, the corresponding GRHAZ grain size can be somewhat smaller, say 7 to
9 microns. Equally, should the precipitation contribution to strength be high, as in as-rolled CMn-Nb steels, and, as little coarsening occurs during the GRHAZ cycle, the particles remain
ineffective at pinning the austenite grain structure. The resulting GRHAZ ferrite will then be on a
scale similar to that of the parent ferrite structure. Where microalloy particles are relatively
coarse, as after TMCR, some 10s of nanometres, despite some coarsening from the weld cycle,
they remain effective in resisting austenite grain growth. In such cases the GRHAZ ferrite grain
size may be close to that of the parent steel, typically, for TMCP X60 to X70 grades around 4 to
8 microns.
These microstructural changes might imply relatively good toughness, provided the cooling rate
in the GRHAZ is slow enough to allow pearlite to re-form in the high carbon austenite remaining
at the end of ferrite transformation. However, this is only likely at cooling rates slower than
about 1 - 5 oC/sec, corresponding to ∆t 800/500 values associated with comparatively large weld
heat inputs and/or high preheat and/or interpass temperatures, depending on plate thickness.
Consequently, in most seam welded pipe, the austenite will transform to either bainitic or
martensitic microstructures of near eutectoid composition. Unless there is retained austenite, and
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this depends on other alloy elements being present (the key ones being, Ni, Si, Mn and Mo in
order of effectiveness), a hard brittle constituent will be present and the beneficial effects of the
ferrite grain size on toughness will be partially lost.
The effects of V or Nb/V additions on GR or ICHAZ microstructure can be complicated by post
weld cooling rate. The solvus temperature of V compounds is lower than that of Nb and as the
optimum precipitation hardening response for V treated steels lies in the range 1 to 10 °C/sec
significant additional embrittlement from precipitation may take place during cooling after
welding. Although vanadium can sometimes produce a favourable microstructure in the CGHAZ
with increased fracture energy absorption, see later, GRHAZ toughness can be dramatically
reduced by precipitation for some combinations of plate thickness and heat input.
CGHAZ Toughness, Microstructure and Steel Composition
Results from near parallel sided high heat input single pass welds, in this case ~10 kJ/mm as
shown in Figure 9 illustrate the beneficial effects of reducing CEV on the CGHAZ impact
properties of TMCR steels.

Figure 9. Effect of CEV (Lloyds formula) on energy absorbed at -20 oC.
C-Mn-Nb steels.
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Figure 10. Effect of CEV on CGHAZ CTOD transition temperature for TMCR steels welded at
5 kJ/mm. Adapted from Nakanishi et al [15].
In contrast, the effects of CEV on the CGHAZ CTOD transition temperatures of similar steels
[15] albeit at lower heat input ~5 kJ/mm, appear to show a minimum around 0.28 to 0.30, Figure
10. Of course, had a wider range of CEV been included, below 0.28, in Figure 9 then it is
possible that an optimum value would have been deduced as with the CTOD around 0.28 - 0.3
CEV for the particular steel compositions studied. In practice, CEV values for TMCR steels
below ~0.28 - 0.3 would not have met the steel strength specification required in this case.
However, Figures 9 and 10 should not be assumed to imply that a further reduction in CEV will
not be beneficial in certain steel types or with process routes other than thermomechanical
rolling.
For a fixed cooling time, the trend in Charpy toughness can be understood in terms of the
hardenability of the steels. A fairly simple way of predicting hardenability was proposed by
Maynier [16] who generated equations allowing hardness to be predicted from steel composition
and a parameter which is a measure of austenite grain size, which, as already alluded to, is
critically important. A further set of equations can then be used to predict a cooling rate (or
∆t 800/500 ) to form a fully martensitic, bainitic or pearlitic microstructure. Although these
equations strictly apply to heat treated steels, they can be, with caution, applied to HAZ ‘heat
treatment’. An alternative approach can be based on study of relevant CCT diagrams for the
steels in question and the change in transformation behaviour assessed for a range of austenite
grain size. However, such an approach is not entirely appropriate for microalloyed steel because
to alter austenite grain size by peak temperature alone changes the microalloy solubility. Which
ever method is used, it is clear that, for a given austenite grain size, lowering C content reduces
the cooling time (raises cooling rate) required to form a fully martensitic structure meaning that
modern low carbon steels generally have a mixed martensite/bainite CGHAZ microstructure
with a lower hardness. Conversely, adding substitutional alloying elements can increase the
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critical cooling time to form a fully martensitic structure. Several such models now exist based
on this methodology and some are coupled to a model for austenite grain growth to provide
predictions of CGHAZ microstructure [e.g 17-19] but few consider the effects of inhomogeneous
solute (substitutional mainly but also C) distribution resulting from rapid heating [e.g. 18].
From the large number of studies of HAZ toughness, involving both ‘real’ welds, modelling and
simulation, some general conclusions can be arrived at regarding the relative ranking of the
different types of microstructures formed in the HAZ thermal cycles. These are summarized in
Figure 11 adapted from work by Kirkwood and others [20-22] on TMCP steels with
compositions similar to those used for pipe plate.

Figure 11. Schematic diagram of the effect of microstructure, C content and heat input on
toughness, after Kirkwood [20].
Broadly, this indicates that low C steels will perform better than higher C steels and a fully
martensitic microstructure is more beneficial than that termed bainitic in line with the general
observations presented earlier. That this is not a complete picture, can be seen from Figure 12
which indicates, schematically, the path taken by cracks as they traverse different
microstructures.

167

Figure 12. Diagrammatic representation of crack propagation in different microstructures,
martensitic structures differ from bainite in terms of lath size and carbide distribution.
Bainitic and martensitic microstructures are characterised by groups of laths transforming from
the parent austenite with different variants of the austenite/bainite-martensite crystallographic
orientation relationships within a single austenite grain, each group forming a ‘colony’. The
colony size controls the crack path since cracks are deflected at the colony boundaries,
consequently, energy is absorbed and toughness increased. However, the thicker filamentary
carbides characteristic of upper (or type I) bainite at inter-lath boundaries are more embrittling
than either the fine autotempered carbides characteristic of a fully martensitic structure or the
fine carbides at lath edges in lower bainite (type II or type III). Hence, there is an overwhelming
effect of transformation characterisitics where upper bainite structures predominate. This can be
offset in the particular case of mixed martensitic and bainitic microstructures where the colony
size is smaller than for either phase alone signifying improved toughness. Accordingly, there will
be a primary effect of austenite grain size on toughness via the colony size and several studies
have shown a correlation between colony size and fracture facet size measured in toughness
tests. Some studies have confirmed a Hall-Petch type relationship and the effect of fracture facet
size is similar to that of ferrite grain size in ferrite-pearlite steels, values in the literature range
from -10 to 25 oC/mm-1/2 [23, 24]. Assuming the colony size is proportional to austenite grain
size, a finer grained CGHAZ would be expected to show improved toughness. However, others
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claim that lath size and/or lath misorientation are equally important [25, 26] since some energy is
absorbed traversing interlath boundaries. As lath dimensions are a function of carbon content,
then the coarser lath sizes in low C steels might imply some loss of toughness but this is
compensated by the increase in transformation temperature which lowers the dislocation content
as well as increasing lath dimensions [27]. These general trends in microstructure are in
agreement with the pattern of results in Figure 11.
With the much lower C contents used in current pipe steels, transformation to a fully martensitic
microstructure is unlikely unless very low heat inputs are used or the steel has a high
substititional alloy content; the HAZ CGHAZ microstructure is then more likely to consist of
ferritic structures variously, termed ‘carbide-free’ bainite, quasi-polygonal ferrite, acicular or
‘massive’ ferrite [28], compare Figures 13 and 14. Such structures have inherently improved
toughness on account of the higher transformation temperatures allowing some recovery of the
dislocation sub-structure within the ferrite. If Si contents are much above 0.3-0.5% small islands
of retained austenite may be present adding to toughness. Ni may also act in this way, but only if
added in amounts above ~1%. There is a potential dilemma here because other work, mainly on
TMCP plate steels, shows that the microstructure within the MA islands of retained phase also
affects impact toughness and if partial transformation to martensite or bainite occurs toughness
deteriorates. This is most likely to occur at high heat input which favours transformation
temperatures over which such ‘bainitic’ HAZ structures evolve.
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Figure 13. Photo-montage of HAZ simulated microstructures in a 0.08%C 0.31%Si 1.45%Mn
0.036%Nb 0.057%V steel, peak temperatures are shown [72].
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Figure 14. Photo-montage of HAZ simulated microstructures in a 0.048%C 0.32%Si 1.48%Mn
0.058%Nb 0.012%Ti steel, peak temperatures are shown [72].
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Observations of crack paths in a very different microstructure common in weld metals, known as
‘acicular’ ferrite, AF, offer a possible solution to this dilemma. This microstructure consists of an
interpenetrating array of ferrite laths with different variants of the Kurdjumov-Sachs relationship
between austenite and ferrite. In this class of structure, crack deflection at the interlath
boundaries is larger than for martensite and bainite because of the greater mis-orientation. The
effective colony size (or fracture facet size) is, therefore, of the order of the lath size resulting in
much superior toughness. This observation has also been invoked to interpret the improvements
made to the base plate toughness of high strength pipe steels, X80 to X100, for Arctic service
[29, 30]. Increasingly, this concept will find application to HAZ toughness provided that the
acicular ferrite microstructure can be promoted in the HAZ by alloying. Many such attempts
have been made ranging from the addition of stable oxide or sulphide particles, in an attempt to
duplicate the effect found in weld metal where AF is nucleated by weld metal inclusions, to
depressing the transformation temperature by alloying to promote AF formation [32-39]. The
stable oxide approach is difficult to apply, primarily because solubilities are extremely low if Al
deoxidation is used. Even if Al deoxidation can be avoided, by using Si or Ti for example [36,
37, 39], the volume fraction of oxides available is an order of magnitude smaller than that in
weld metal so the effectiveness of the dispersion produced depends solely on the particle size
achieved during solidification [37, 38]. These solidification rates are again one or two orders of
magnitude slower than those of welds and this mitigates against obtaining an appropriate size
range, ideally of the order of a few microns [36, 38]. On the other hand, doping with rare earth
sulphides appears to be successful for some steel types; whether this technology can be applied
to pipe compositions is uncertain [40].
To date, only V has been shown to have a direct influence on AF formation. The work of
Edmonds [41] illustrates this but microstructures bearing the distinctive features associated with
AF have been noted in the HAZ of more conventional steels containing both Nb and V [42, 43].
The mechanism is not understood but suggestions have been made regarding ferrite nucleation
on pre-existing precipitates possibly those which are present from the processing and which have
coarsened during the HAZ thermal cycle. One rather interesting observation comes from studies
of laser welds in plate compositions not dissimilar to those used for pipe. These studies show that
AF can be induced in autogenous (remelted plate) welds in low Al steels (typically less than
0.01%Al) by Ti additions [44]. The mechanism is obscure but may involve nucleation on
complex oxide particles containing Ti (as in some weld metals) but other features of ‘TiO’ steels
appear to suggest retardation of ferrite by Ti in solution which may also be important [45]. Other
work has suggested ultra-low C steels with combinations of Nb and Ti together with C, Mo or B
additions may promote these AF microstructures [46].
Turning to the effects of specific elements, in general, substitutional elements lower
transformation temperature, raising hardness and lowering toughness. Exceptions to this are
elements which stabilise austenite or show solid solution softening effects at high strain rates
such as Si and Ni [47]. Currently, the level of Ni additions are such that any solid solution
softening effect may have only a small influence on improving HAZ toughness. Silicon, on the
other hand, can have a complex effect on toughness as it suppresses cementite formation.
Consequently, during bainitic transformation, Si additions can prevent the formation of the interlath carbides and allow these carbon-rich regions to transform to a wide variety of
microstructures at lower transformation temperatures. Depending on the cooling rate these
regions can remain as austenite greatly improving toughness, alternatively, if they transform to
martensite toughness dramatically deteriorates. Some indication of the potential differences

172

comes from studies of the effects of these carbon-rich regions, or M/A constituents, on
ICCGHAZ toughness mainly on TMCP steels [48, 49]. For example, small amounts of M/A
constituent are usually associated with CTOD transition temperatures below -30 oC and are
largely retained austenite at cooling times typical of welding at 5 kJ/mm. In contrast, large
volume fractions of MA are often associated with high C brittle martensite with transition
temperature above 25 oC.
A feature of many modern pipe steels is the use of low P, S and N contents. The benefits of
lowering the amounts of these elements are well recognised but are reaching the limits imposed
by current steelmaking technology. The embrittlement by P is thought to be due largely to
segregation to lath boundaries and may be exaggerated by sub-critical heat treatment [50, 51]. It
was suggested that Mo or B additions could scavenge P reducing the potential for embrittlement
by segregation. In this context it is interesting to note the use of these elements in recent high
strength pipe steel developments [52, 53]. The rationale for reducing N content stems from the
realisation that N in solid solution, ‘free’ N, is detrimental to toughness, for weld cooling times
in the range 10 to 300 seconds; the change in impact transition temperature (ITT) is of the order
of 25 oC/0.001% ‘free’ N. Figure 15 shows the virtue of maintaining a high Al/N ratio although
Ti additions would reduce ‘free’ N to a greater extent. Depending on the kinetics of dissolution
(AlN in this case) the grain size of the CGHAZ could vary somewhat. The other issues raised by
Ti additions to Nb steels are discussed below.

Figure 15. Illustrating the effect of Al content on soluble or ‘free’ N.

173

Effects of Microalloying
Effects on Microstructure and Toughness
As demonstrated by Kirkwood (these Proceedings) comparative exercises must be interpreted
with caution and the apparent effect of niobium on CGHAZ toughness depends critically on,
inter-alia composition and cooling rate. In this context, the results presented in Figure 16 should
be interpreted carefully particularly as they are from thermal simulations rather than real welds.
It should also be noted that the cooling times of primary interest are those below 100 secs, these
being most representative of manual metal arc or submerged arc welding processes being
employed on plate thicknesses relevant to linepipe welding.
At the 0.07% C level the results in Figure 16 suggest that with the particular analysis studied
increasing niobium is not helpful to CGHAZ toughness and that an increase in carbon is, not
surprisingly, very detrimental.

Figure 16. Effect of C and Nb on simulated HAZ Charpy energy.
Further reductions in carbon content and/or decreases in Nb content alter this picture, both these
changes leading to improvements. Such observations result from the balance between two
competing influences of microalloying on the development of the HAZ microstructure. The first
of these is due to the effects of microalloying on grain growth accompanying dissolution of the
various compounds present after processing to pipe plate. The second is due to hardenability
changes arising from the presence of microalloying elements redissolved during the HAZ
thermal cycle. The relative effect on Ar3 is given in Figure 17 taken from studies by DeArdo
[54] on TMCP steels, the data for 10 oC/s being relevant to HAZ conditions. The principal
microalloying additions, Nb, V and Ti, are all ferrite stabilisers; the predicted rise in the
equilibrium austenite to ferrite transformation temperature, Ae3 (Uhrenius) [55] can be
significant but not easy to determine (Kirkaldy and Baganis) [56] unless near identical austenite
grain size can be achieved. The temperatures at which the austenite to bainite transformation
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takes place on cooling is also depressed by between 8 and 15 oC/0.01%Nb at typical pipe HAZ
cooling rates.
This ability of niobium to depress transformation temperature arises because of its ability to
suppress polygonal or Widmanstatten ferrite formation and may, in some circumstances, be used
to advantage by reducing C content of the steel provided that the steel specification can still be
met by, say, adjusting the post rolling cooling conditions. Excessive alloying using other
conventional elements such as manganese, nickel etc. can, therefore, usually be avoided.
Several studies have confirmed Nb steels have a greater tendency to form bainite, indicated by a
shift in the CCT diagram to longer times although direct comparisons are difficult because of
differences in overall steel composition and austenite grain size. For example, the effect of
increasing the reheating temperature from 1150 to 1250 oC is to decrease the cooling rate needed
to form ferrite by about a factor of 2, ~11 °C/sec to ~7 oC/sec [57]. This contrasts with a steel of
a similar C content but lower Mn which shows no ferrite forms in this range of cooling rate
despite a lower austenitising temperature and finer grain size, 65µm [52]. These discrepancies
are not easily explained but the comments made on precipitation sequences in complex
microalloyed steels, [58-60] in the following section may be relevant.

Figure 17. Effect of microalloying additions on austenite to ferrite transformation temperature.
Particle Dissolution, Composition and Grain Coarsening Response
The issue of particle dissolution and the resulting effect on HAZ grain size is more complex but
has been modelled extensively and is widely accessible in the literature. While several of these
models [61, 62] have been validated for commercial steels, there are some assumptions inherent
in their use which should be tested further experimentally. The first assumption is that the
particle size and distribution is assumed to be unimodal, uniformly distributed and their
dissolution controls the resulting HAZ grain size. Given the sensitivity of the grain growth
equations, such as those due to Gladman [63] or Hellman and Hillert [64], to particle size and
volume fraction, the final HAZ grain size is likely to be quite dependent on details of the particle
size distribution and the thermal cycle involved. The implication is that the presence of sufficient
particles in the larger size classes, which would be the last to redissolve, should influence the
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final HAZ austenite grain size. One clear consequence of this validates the use of higher Nb
contents given that more and larger particles will be present as a consequence of the changed
solubility throughout the processing; these will re-dissolve at substantially different rates to those
in lower Nb steels delaying the onset of HAZ grain coarsening. A further point to note is that the
particle size and distribution in TMCP steels will vary significantly with processing history, such
as slab reheat temperature, rolling speed or reduction per pass during the final stages of rolling
where much of the austenite conditioning so necessary for ferrite grain size control takes place. It
should not be surprising therefore to find cases where near identical steel compositions which are
produced on different mills differ appreciably in HAZ response. In addition, it would be of great
interest to modify and then compare the predictions of current models for HAZ grain growth for
cases where a bi- or tri-modal particle distribution is present as is the case for many TMCP
rolling schedules.
The thermodynamic stability of the particles predicted from equilibrium models [65, 66] is also
important in controlling grain growth which can be inhibited if the particles remain undissolved,
for example in Nb/Ti or Ti treated steels, at the peak temperatures prevailing in the HAZ
adjacent to the fused zone. Figure 18 shows some typical grain growth data showing that even
residual levels of Ti, below ~0.007% depending on the source of the iron ores used in
steelmaking, have an effect. These results may help interpret the appreciable scatter in austenite
grain size for apparently similar steels subjected to the same weld thermal cycle.

Figure 18. Results of HAZ grain coarsening experiments on steels illustrating the effects of Ti.
Below ~0.01%, Ti is present as a residual element, above this represents a deliberate addition.
There is now considerable evidence from a large number of studies that the microalloying
particle distribution is complex in terms of both particle size and composition, particularly if
multiple microalloying elements are present. A typical case is Nb-Ti microalloyed steels, here
the purpose of the Ti additions is to inhibit grain growth because TiN is virtually insoluble in
austenite and therefore if the particle size is appropriate little or no HAZ grain growth results.
However, the early simplistic idea that TiN and Nb(CN) precipitate as separate species was
found to be incorrect, moreover, the particles were assumed to be homogeneous and single
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phase. Due to the mutual intersolubility of all of the microalloy carbides or nitrides, particle
compositions in the original plate microstructure are now known to vary considerably, although
the details of the link with process history has not yet been clarified. Whilst the precipitation
sequence can be predicted from equilibrium thermodynamics and many proprietary software
packages (Thermocalc, Chemsage, MTdata) are available to estimate relative particle volume
fractions and composition for a given steel composition, it is not clear to what extent these
models accurately reflect actual particle composition for a particular process route and steel
composition. However, it is known that there can be considerable deviation from equilibrium due
to microsegregation in the cast steel [67] leading to complex precipitate morphologies before
reheating [68, 69]. Such precipitate morphologies are broken down during slab reheating but
enough microsegregation can remain leading to heterogeneity in austenite grain growth from
point to point in the product [67]. Furthermore, given the limited diffusivity of substitutional
alloying elements it is unreasonable to suppose this microsegregation would not be reflected in
quite variable grain growth responses. Taking the diffusivity of Nb, Ti or V to be no greater than
the self diffusivity of Fe (for 1350 oC these range from 7.85 x 10-14 for V to 4.3 x 10-13 for Nb
[70, 71]) then under HAZ conditions the diffusion distances are only of the order of some 100s
of nanometers compared to the CGHAZ grain size of the order of 100 µm. This observation then
makes sense of the recurrent observations of ‘caps’ surrounding TiN particles in the HAZ, [59,
72]. An example is shown in Figure 19 [73]. The interpretation is that during the dissolution
phase in the HAZ some of the Nb redissolves and is re-precipitated by heterogeneous nucleation
on the undissolved Ti x (Nb) y N during cooling. The net result is effectively to remove Nb from
solution reducing both the hardenability of the HAZ austenite and the extent of precipitation
strengthening possible during cooling. It might reasonably be inferred there may be
circumstances where processing history impacts on the HAZ microstructure and mechanical
properties.
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Figure 19. Electron energy loss images of a ‘capped’ TiNbN in the HAZ of a 0.04%C 1.4%Mn
0.036%Nb steel. The lower left image shows the Nb ‘cap’, [72]
An Example of the Effect of Process Changes on HAZ Mechanical Properties and
Microstructure.
The effects of process history on HAZ properties might well be obscured by differences in steel
compositions or the sensitivity of pipe test results to notch location or testing regime. For
example, thin wall, 8-10 mm, pipe can be produced via a coiled plate mill route or the reversing
plate mill route. Yet, to generate equivalent properties different steel compositions would be
used, obscuring any differences in HAZ toughness resulting from the different particle size
distributions. Even with a single process route, say reversing plate mill, the range of process
variables, for example, finish rolling or end hold temperatures, are generally small and with
conventional specification testing regimes it would be extremely unlikely that significant
changes in HAZ behaviour would be detected. Nevertheless, HAZ simulation of plates selected
from extremes of normal production tolerances proved instructive, particularly where related to
individual contributions to structure/property relationships. By selecting plates from a X65 pipe
plate order produced to a nominal composition of 0.08%C 0.3%Si 1.45%Mn 0.042%Nb
0.06%V, the effect of extremes of finish rolling temperature and end hold temperature (EHT)
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were examined using the Gleeble HAZ simulator [72]. The contributions to yield strength from
precipitation and dislocation strengthening, σ p+d , were found to track the range in EHT found in
production. The extremes of the range were found to be 130 to 193 MPa and 760 to 816 oC
respectively with corresponding differences in impact behaviour, averages of 182 J compared
with 93 J at the specified test temperature of -40 oC. The particle size distributions were
consistent with the estimated σ p+d strengthening contribution. Small but significant differences in
HAZ impact toughness were found after Gleeble simulation, 20 to 41 J at -20 oC for the steel
with the higher strengthening contribution compared to 114 to 148 J for the lower. In contrast, no
such differences were found for a 0.045%C 0.3%Si 1.55%Mn 0.06%Nb 0.012%Ti steel
processing via a coiled plate mill route despite appreciable differences in the σ p+d contribution,
128 to 200 MPa, in this case, consistent with the reduced C content and reduced HAZ grain
growth control by ‘TiN’, see Figure 14. Although there were no indications that the processing
differences correlated with the limited routine HAZ toughness testing (one pipe per cast)
required by the specification for the reasons already remarked on, some follow-up work was
initiated. This made use of laboratory casts rolled to a variety of schedules designed to emphasise
aspects of processing, particularly the rolling pass sequence during which Nb(CN) is precipitated
in austenite [72,74]. A crude simulation of coiled plate production was made by hot charging
plates into a furnace at 600 oC and holding for 24 hours. A comparison of the Nb particle size
distribution is shown in Figure 20, the differences due to processing are readily apparent. The
σ p+d contributions in the AR Nb, CR2 and CC conditions (see figure caption for these conditions,
and the steel composition was 0.04%C 0.31%Si 1.4%Mn 0.036%Nb 0.04%Al 0.006%N) were
79, 136 and 0 MPa respectively and, as shown in Figure 21a, the corresponding CGHAZ ITT
were -40, -27 and -44 oC, but more importantly AR impact properties did not change after
CGHAZ simulation. In contrast, the same rolling sequences applied to a Ti treated steel (as
above but nil Nb 0.019%Ti 0.006%N) show much less variation in HAZ behaviour while
suggesting a modest improvement to CGHAZ ITT in the AR condition, -65 compared to -60 °C,
Figure 21b. The extent to which these results mirror those from a ‘real’ HAZ on steels processed
in this way is difficult to judge, but if the ICHAZ (950 and 1050 oC simulation data) and
CGHAZ simulation results are ‘averaged’ the CR2 condition would show behaviour closer to the
parent steel, whereas the ‘average’ for the AR condition is dramatically improved. These
differences are more or less in line with practical experience. Nevertheless, while showing only
modest changes to HAZ behaviour these results demonstrate that processing can influence
microstructural development during the weld thermal cycle and point to the critical nature of the
CGHAZ in creating ‘a local brittle zone’. The significance of this has been endlessly debated
elsewhere!
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Figure 20. Particle size distribution for 3 different process routes: AR rolled rapidly to finish at
~1100 °C, CR2 rolled with holds in the range 1000-850 °C finishing at ~800 °C, CC as CR2 but
hot charged into a furnace at 600 °C and cooled over 24 hours.
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Figure 21a. HAZ Charpy energy data for the Nb steel in the AR, CR2 and CC conditions.
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Figure 21b. HAZ Charpy energy data for the Ti steel after CR2 and CC processing.

The properties of modern pipe steels are heavily dependent on both chemistry and processing
(rolling and cooling) regimes and in the quest to optimise parent plate properties and the
response of the materials to welding, account must be taken of the way in which different
distributions of precipitates may influence the development of microstructure in the heat affected
zone. Results presented earlier demonstrate the potential sensitivity of certain steels to this
phenomenon which may in some circumstances prove to be of practical relevance to welding
engineers seeking to meet the most demanding requirements of recent specifications. In view of
the sensitivity of some regions of the HAZ to changes in particle distribution and the dependence
of such distributions on details of processing, in particular, the response of the microsegregated
regions to heat treatment and subsequent effects on particle size and composition, it is the
author’s opinion that processing probably influences the HAZ response of pipe steels to a greater
extent than realised.
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Closing Comments
Reviewing the effects of pipe steel composition on the HAZ microstructure of seam welds, it
might be concluded that current trends to reduce C content, increase the microalloying content,
uniquely Nb, have greatly improved the weld HAZ toughness overall and that of the CGHAZ in
particular. However, the rather poor properties of the IC and GRHAZ (and ICCGHAZ), albeit
over a much narrower zone in the HAZ, remain and could be exacerbated by the increased
alloying currently used for premium grade linepipe. Nevertheless there is the intriguing
possibility that CGHAZ microstructures can be produced that lead to the possibility that there
can be steels where no deterioration takes place after welding. This ‘metallurgist’s delight’,
would be complete, if in addition, the possibility of forming an HAZ consisting of acicular ferrite
was realised by offering in excess of 600 MPa yield strength coupled with impact transition
temperatures below -120 oC (as in some seam welds but matching the parent plate properties of
X80!!). Some combination of alloying with Nb and V might be found where NbCN particles
remain in the HAZ for a sufficient time that they can influence HAZ grain coarsening, as already
appears to be the case, and act as nucleation sites for ultra-fine ferrite grains, 1 to 3µm, during
cooling, by both depressing transformation temperature [75] and altering the ferrite (or bainite)
transformation mechanism. The role of V or Ti may also prove to be critical, as both of these
elements have been implicated in the only proven cases where AF is found in amounts sufficient
to alter the hardness/toughness balance in the CGHAZ. A case has also been made that process
history influences the response of particular types of TMCP steels used for pipe applications.
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