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Abstract 

Martensitic steel is a well-established material for the equipment and tooling used in mining and 

processing. Martensitic steel was originally chosen for its high strength and hardness. However, 

the overall performance of industrial machinery requires that a number of other properties be 

considered, including toughness, ductile-to-brittle transition temperature, fatigue strength, 

resistance to temper and hydrogen embrittlement, corrosion, creep, abrasion resistance, 

bendability (cold forming), and machinability. Often, a number of these properties should be 

optimized simultaneously. This optimization is achieved by adjusting alloy composition or 

thermomechanical processing, or ideally, by a well balanced combination of both. A clear 

understanding of the microstructure of martensitic steel and how it governs properties must 

precede any optimization exercise. Accordingly, we begin by outlining some fundamental 

considerations concerning the microstructure of martensite and its influence on strength, 

toughness and failure mechanisms. Next, we discuss the role of the various alloying elements 

and typical impurities on the microstructure and, hence the relevant properties. Typical alloying 

elements such as carbon, molybdenum, niobium, chromium, manganese and boron not only have 

primary effects, but also have cross-effects and synergies when added in combination. Thirdly, 

we describe the variety of thermomechanical processes that make it possible to tailor properties 

to a particular performance profile. These span the range from traditional quench-and-temper 

(Q&T) treatments to more recent processes, such as direct quenching, quench-and-partition and 

intercritical heat treatments. Each step of each treatment must be analyzed for its influence on the 

final microstructure and thus, the ultimate combination of properties. Finally, we present specific 

examples of technologically successful martensitic steels. We describe their composition and 

processing, particularly focusing on the effects and benefits of niobium and molybdenum as 

alloying elements. 



Introduction 

 

As-quenched martensite is the hardest and strongest microstructure of carbon steel. After 

tempering it produces many excellent combinations of properties making it suitable for a wide 

variety of demanding applications. Particularly for applications in the mining and processing 

industry, hardness and strength are fundamental assets providing good functionality and 

sufficiently long life of components under severe service conditions. Thereby, hardness is 

associated with resistance against wear in general and abrasion in particular. High strength 

allows sustaining high loads and forces without having to design components of excessively 

heavy gage, thus reducing their weight and dimensions. Beyond that fundamental aspect, a wide 

range of severe operating conditions exist requiring additional properties and characteristics that 

have to be implemented into martensitic steels. In many applications components are subjected 

to high impact loads. Accordingly, toughness and ductile-to-brittle transition behavior have to be 

considered, the latter being particularly important when operations are taking place in cold 

climate conditions. In many applications the steel is in contact with aggressive media, such as 

acids, bases or seawater. Thus, corrosion resistance of the material is an important aspect. Since 

corrosion reactions typically also serve as a source of generating free hydrogen, resistance 

against hydrogen embrittlement and delayed cracking needs to be considered as well. Other 

applications take place in hot environments requiring resistance against tempering and creep, 

heat conduction, as well as resistance against thermal fatigue and oxidation. It is quite obvious 

that there is no ideal material fulfilling all these requirements in an optimum way. Besides, such 

a widely performing material would be too expensive for most of the simpler application 

profiles. Therefore, the steel has to be tailor-made to the application concerning design of its 

microstructure, as well as alloy concept. 

 

The microstructure is adjusted by modification of the alloy concept and processing route. 

Consequently, the present paper initially analyzes how features of the martensitic microstructure 

relate to properties. Subsequently, the effects of various alloying elements relevant to martensitic 

steels will be considered. Inherently, these alloy effects have also to be seen in the light of the 

processing route chosen to produce the steel. Thus, customary processes such as reheat 

quenching, direct quenching and case carburizing are addressed. On that basis of understanding, 

practical approaches of optimizing martensitic steel will be discussed, thereby particularly 

focusing on the effects and benefits of niobium and molybdenum as alloying elements. 

 

Microstructure and Properties 

 

General Considerations 

 

Martensite, being the hardest microstructural variant of steel, is formed from austenite when the 

cooling speed is fast enough to prevent diffusion-controlled transformation. The hardness (and 

thus strength) of fully quenched martensite increases nearly linearly with the carbon content over 

the range of 0 to 0.5%C, Figure 1 [1]. Simultaneously, the start temperature of martensite 

transformation decreases with increasing carbon content from around 550 °C for very low carbon 

content to below 350 °C when approaching 0.5% carbon. Therefore, the lower the carbon 

content, the more prominent self-tempering effects become under industrial quenching 

conditions. In as-quenched martensite, carbon atoms, either trapped in octahedral interstitial sites 



of the body-centered-tetragonal lattice, or segregated to dislocations or interfaces, dominate the 

strengthening mechanism. 

 

 

Figure 1. Correlation between carbon content and as-quenched martensite hardness  

(indication of commercialized grades). 

 

Steels are often divided into three categories based on their carbon content. Low-carbon steels 

have carbon contents remaining below 0.2%. Medium-carbon steels have carbon contents 

between 0.2 and 0.5% and high-carbon steels have carbon contents above 0.5%. Although this 

classification may appear arbitrary at first sight, there are sound metallurgical arguments 

justifying it. At carbon concentrations below 0.2%, about 90% of the solute carbon atoms 

segregate to dislocations during the quenching process, Figure 2. Above 0.20% these defect sites 

become almost saturated and carbon atoms remain in octahedral interstitial sites [2]. Unless the 

rate of cooling during quenching is increased greatly, 0.2%C is also the point at which the 

martensite crystal becomes measurably tetragonal. The boundary between medium- and high-

carbon steels is considered to be at 0.50%C because above this level steels become susceptible to 

intergranular fracture in the as-quenched and quenched-and-low-temperature-tempered 

conditions [3]. Furthermore, quenched steel containing carbon higher than 0.5% forms more 

complicated microstructures, as lath martensite is gradually replaced by plate martensite and the 

fraction of retained austenite increases. 

 

 



 

Figure 2. Carbon segregation during quenching of iron-carbon martensites measured by electrical 

resistivity (adapted from G.R. Speich [2]). 

 

Low- and medium-carbon steels are the types most commonly used in the mining and processing 

industry. Low-carbon steels are often used in the as-quenched (optionally tempered) condition 

for structural applications requiring strength in the range 900 to 1400 MPa. Medium-carbon 

steels are widely used in the quench and tempered condition. These serve, for instance, in 

abrasive resistant applications, tools and dies for material processing, power transmission units, 

seamless pipes and ballistic plates. Since these are all lath martensitic steels, the microstructural 

features of lath martensites, their relationship to properties, and the effect of various tempering 

treatments will be discussed in some detail in the following section. 

 

Microstructural Characteristics of Lath Martensite 

 

In low- and medium-carbon steels the martensite microstructure consists of laths that are 

grouped into blocks and subsequently, into packets, Figure 3. The laths are highly dislocated. 

The crystal structure of low-carbon lath martensite is body centred cubic (bcc), but at carbon 

contents in excess of 0.20% the structure becomes slightly tetragonal. 

 

To understand the basic microstructure of low-carbon lath martensitic steel, it is important to 

recognize two basic crystallographic relations between the parent face centred cubic (fcc) 

austenite and the product bcc ferrite [4,5]. Firstly, the two crystal structures are connected by the 

“Bain strain”, the bcc unit cell is derived from fcc by compressing the fcc cell along one of the 



<100> cube axes, while expanding it homogeneously in the perpendicular plane. There are 

hence three “Bain variants” of the transformation, corresponding to the three possible choices of 

the compression axis. Secondly, after transformation, the crystal axes of the martensite laths are 

oriented in (or very close to) the Kurdjumov-Sachs (KS) orientation relations, with the close-

packed planes and close-packed directions of the bcc product parallel to those of the fcc parent: 

{110}||{111}, <111>||<110>. 

 

 
 

 

 
 



 

Figure 3. Martensitic substructure within a prior austenite grain of low-carbon steel; 

(a) EBSD map of prior austenite grains [5], (b) Schematic drawing showing packets and blocks, 

(c) TEM micrograph showing laths within a block. 

(TEM micrograph courtesy of J.R. Yang, National Taiwan University). 

 

There are four independent choices for the {111} plane and for each choice of {111}, there are 

six independent ways to choose the bcc close-packed plane and direction to satisfy the KS 

relations. These are illustrated in Figure 4. It follows that there are 24 “KS variants” of the 

transformation. Eight of these, two per choice of {111}, are examples of each of the three Bain 

variants of the transformation. 

 

 
Figure 4. The six crystallographic variants of bcc that satisfy the KS relation on (111). Variants 

of the same color (red, blue, green) have the same Bain axis. Variants that share the same close-

packed direction are twinned with respect to one another. Variants colored dark (light) are 

rotated 120º from one another in the plane. 



In the basic microstructure of lath martensitic steel [5-8] each prior austenite grain is subdivided 

into packets, Figure 3. There are four crystallographically distinct packets, each based on one of 

the four choices of {111} plane. Each packet is a composite of laths that have one of the six KS 

relations that share the {111} plane of the packet. The packet is then subdivided into “blocks” 

which are plates with {110} habit planes that are stacked to fill the packet. Each block is a 

composite of two “sub-blocks,” each of which is built up of laths from one of the two KS 

variants that belong to the packet and have the same Bain axis, Figure 4. The final structure is 

shown in Figure 3(a) and, schematically, in Figure 3(b). 

 

While this highly organized structure may seem complex, it actually has a fairly simple 

interpretation [9,10]. Given the large strain involved in the fcc-bcc transformation, there must be 

an efficient way to accommodate this strain for the transformation to happen at all and there must 

be an efficient way to relax the overall strain to prevent “quench cracking” as the transformation 

proceeds. It can be shown [10] that, with a suitable choice of slip systems, a composite plate 

(block) made up of two KS variants from the same packet with the same Bain axis has an 

invariant plane with the fcc parent that parallels the common {110} plane (={111} plane) of 

the packet. It follows that the six KS variants within a given packet can be gathered into parallel 

plates (blocks) of three distinct types, and these can simply be stacked to fill space. If the volume 

fractions of the three blocks are the same, the only residual shear strain is due to a linear 

expansion perpendicular to the plates. If all four distinct blocks appear with similar volume 

fractions in a prior austenite grain, the four linear expansions balance, and the net strain of the 

whole grain is a simple dilatation; the transformation shear is fully relaxed. Given this 

microstructural pattern, a polygranular austenite can transform martensitically to a polygranular 

product with little or no residual shear strain. 

 

This microstructural pattern has several important consequences, including: (1) while the 

individual blocks are composites of two KS variants, the boundary between them is a low-angle 

boundary. Since the boundaries between the individual laths in the block are even smaller, the 

blocks behave essentially as single crystals, as has long been observed [9]. (2) The boundaries 

between blocks that have different Bain variants are high-angle boundaries, but the angles have 

one of a few discrete values, as observed [6,8]. (3) Given the need to minimize elastic energy, 

the same microstructural pattern is favored for all prior austenite grains of reasonable size. It 

follows that the block and packet sizes tend to scale linearly with the prior austenite grain size 

(PAGS) until the grain size becomes so small that surface effects become dominant, as observed 

[7]. 

 

The dislocated lath microstructure described here is found generally in low-carbon martensites, 

excepting the very finest prior austenite grain sizes, where boundary effects become important. 

The microstructural pattern becomes less regular at higher carbon contents, due to a combination 

of carbon-induced tetragonality and carbon redistribution during the transformation. In high-

strength, medium carbon steels such as AISI 4140 there is a significant population of single-

variant blocks with lath and block boundaries sheathed in retained austenite or precipitated 

carbide. 

 



The Effective Grain Size 

 

Many important properties of polycrystalline materials are related to the grain size. Smaller grain 

size in ferritic steels increases strength and toughness and simultaneously it lowers the ductile-to-

brittle transition temperature, according to Hall-Petch type relationships. In polygonal ferritic 

steels, the grain size can easily be determined by light optical microscopy. In martensite, 

however, determination of the grain size is not trivial and requires more sophisticated 

microstructural analysis tools, such as EBSD and TEM. Yet, the initial question that needs to be 

answered is: “which is the relevant definition of grain size in martensitic steel?” Morris and co-

workers [9] have approached this question by defining an “effective grain” size in martensite that 

may be different for the various properties. Strength, cleavage resistance, and ductile–brittle 

transition temperature are related to the effective grain size (deff ) as follows: 

 

The yield strength (y) is given by the classic Hall–Petch relationship: 

 

𝜎𝑦 = 𝜎0 + 𝐾𝑦𝑑𝑒𝑓𝑓
−1/2

      (1) 

 

where Ky is the Hall–Petch coefficient for strength. 0 is a material constant for the starting stress 

for dislocation movement. 

 

The cleavage fracture stress (f) obeys a relationship of the form: 

 

𝜎𝑓 = 𝐾𝑓𝑑𝑒𝑓𝑓
−1/2

       (2) 

 

where Kf  is the Hall–Petch coefficient for cleavage.  

 

The ductile–brittle transition temperature often obeys a constitutive equation of the form: 

 

𝑇𝐵 = 𝑇0 − 𝐾𝐵𝑑𝑒𝑓𝑓
−1/2

      (3) 

 

where KB is the appropriate Hall–Petch coefficient. T0 is the temperature at which yield strength 

becomes equal to the cleavage stress. 

 

It is important to recognize that “grain size” has a different meaning for each of the properties of 

interest. 

 

Maki et al. [7] analyzed correlations of substructure size and parent austenite size in some detail. 

As expected, the packet size decreases as the prior austenite grain size decreases. Larger 

austenite grains transform into a substructure consisting of several packets. For a prior austenite 

grain size finer than 10 μm, the packet size approaches that of the austenite grain size. By further 

refinement, it is possible that some prior austenite grains consist of a single packet (or even a 

single block). However, the effect of prior austenite grain size on the lath width is small. 

 

  



Effective Grain Size for Strength 

 

Early work by Cohen [11,12] found the yield strength of carbon-free martensite to be inversely 

proportional to the square root of the parent austenite grain size. The constant of proportionality 

in this Hall-Petch type relationship is such that a decrease in prior austenite grain size from 1 mm 

to 10 µm would raise the yield stress of the corresponding martensite by approximately 

420 MPa. By extrapolating this relationship to d-1/2 = 0, a value for the yield strength of a 

hypothetical single crystal of martensite is obtained; this value is roughly 350 MPa. For an 

austenite grain size in the region of 50 µm, a yield strength of approximately 690 MPa is 

obtained. The total contribution due to grain size is therefore 340 MPa. If it is now assumed that 

the addition of carbon to martensite alters the 𝜎0 term, but not the constant 𝐾𝑦 in Equation 1 (an 

assumption that is valid in the case of ferrites), it becomes apparent that the grain size 

contribution to the strength of high yield stress martensite is relatively small. 

 

Later work on Fe-0.20C-Ni-Cr-Mo steel considered the packet size as the effective grain size for 

lath martensite [13]. This correlation was well supported by Wang et al. [14] on similar steel. 

When the prior austenite grain size in 17CrNiMo6 steel was refined from 199 µm to 6 µm, the 

yield strength increased by 235 MPa (representing a 25% increase), indicating that grain 

refinement is not very effective in increasing the strength. The work also demonstrated an almost 

equally good correlation between yield strength and the inverse square root of either packet size 

or prior austenite grain size, respectively (which is expected if the two microstructural measures 

scale together). 

 

Recent work by Morito and Obha [15] showed that the replacement of packet size by block size 

in the Hall-Petch relationship for Fe-0.2%C and Fe-0.2%C-2%Mn steels produced a more 

consistent value of the Hall-Petch coefficient, and in fact, a value that is reasonably close to that 

found in ferritic Fe–Mn and in pure Fe, where the grain size is more easily defined. Lath size 

may be expected to have little effect on strength as there is little crystallographic distinction 

between adjacent laths, indeed in situ indentation studies [16] have demonstrated that the lath 

boundary presents almost no barrier to dislocations in the absence of boundary films. 

 

In a review article, Morris [17] also argued that the block size is the effective grain size for 

strength. While it may seem obvious that the block size should be the effective grain size for 

strength, since it provides the smallest significant crystallographic discontinuity, a closer 

examination shows that the role of the block boundary involves some subtlety, particularly when 

the blocks are used to subdivide a prior austenite grain that is much larger in size. The first issue 

is topological. Crystallographically distinct blocks are different Bain variants of the parent 

austenite. Since there are only three of these, it is geometrically impossible to design a 

microstructure in which each block is surrounded by dissimilar neighbors. The effective grain 

size of lath martensitic steel is always some multiple of the block size. 

 

The second issue is physical, and concerns whether a block boundary is an effective barrier to 

the transmission of plastic deformation [16,18,19]. The problem is that the Bain variants share 

common slip planes and hence, may not effectively inhibit slip. The experimental evidence on 

this issue is ambiguous and puzzling. For example, intercritical heat treatments used to refine the 

effective block size in lath martensitic steels show very little effect on the yield strength. On the 



other hand, others [15] have found a strong Hall-Petch strengthening from block boundaries, 

comparable to that associated with high-angle boundaries generated by powder processing or 

incoherent transformations. A plausible explanation for this inconsistent behavior is found in the 

recent work of Ohmura and Tsuzaki [19] who combined nano- and micro-indentation to compare 

the intragranular and polygranular hardnesses of martensitic steels. Their data appears to show 

that strengthening by block or packet boundaries (ie. by Bain variant boundaries) is largely due 

to boundary decoration by carbon or carbide films. Their results may provide the key to 

understanding the influence of block size on strength. Decorated block boundaries strengthen 

much as incoherent boundaries do, while the relatively clean boundaries in low-carbon, gettered 

or tempered martensites have a much smaller effect on the strength. 

 

Effective Grain Size for Toughness 

 

Two fracture modes, quasi-cleavage and ductile fracture, were observed by Irani [20] in an early 

study on the fracture behavior of martensitic steel. In an impact test, the former is expected to 

absorb a lesser amount of energy than the latter. This correlation has been confirmed, as the 

absorbed impact energy increases with the amount of ductile fracture. Quasi-cleavage proceeds 

by the nucleation and growth of submerged cracks ahead of the advancing fracture front. The 

crack front advances in a stepwise manner as the cracks in front of the fracture tip grow until 

coalescence takes place, Figure 5. The advance of a quasi-cleavage fracture crack through a 

martensitic structure is transgranular with respect to the prior austenite grains. The quasi-

cleavage fracture surface shows fractures characteristic of both true cleavage and plastic rupture. 

Firstly, extensive flat facets are seen on the fracture surfaces indicating true crystalline cleavage. 

This also holds for the formation of steps (S) during the growth of the facet. Secondly, tear 

ridges (T) are observed on fractographs. These are formed during the linking up of micro-cracks 

with the advancing fracture front. In this respect, quasi-cleavage resembles plastic rupture. 

 

Naylor et al. [21,22] pointed out that micro-cracks formed within laths are too small to start 

cleavage due to the limited lath width. Micro-cracks in adjacent laths must join together to create 

a crack of critical length to propagate as cleavage. This crack experiences small deflections when 

crossing lath or sub-block boundaries and larger deflections when passing block boundaries, 

where they are often arrested. The blocks are thought to coincide with the facets seen in 

fractography. 

  



 

 

Figure 5. Schematic crack propagation with formation of steps (S) and tear ridges (T) 

and appearance of quasi cleavage fracture. 

 

The microstructural mechanism of cleavage in ferritic steels is well known; ferritic steels cleave 

along {100} planes. It follows that, in the case of lath martensitic steels, the effective grain size 

is the coherence length on {100} planes, which determines the cleavage crack length. The {100} 

coherence length is fixed by the “block” size, which is the basic crystallographic unit. Refining 

the block size of martensitic steel is hence an effective means of increasing its resistance to 

transgranular cleavage fracture, since Bain variant boundaries are crystallographic discontinuities 

in the {100} cleavage planes. Consequently, block refinement is a very successful approach to 

lower the ductile-brittle transition temperature (DBTT) of steel whose transition is governed by 

transgranular cleavage. Morris et al. [23] used profile fractography and EBSD to show the 

specific role of block boundaries in arresting cleavage cracks in 9%Ni steel. 

 

In similar work, results reported by Wang et al., [14] on 17CrNiMo6 steel demonstrated a 

marked increase of toughness at 77 K when the packet size becomes smaller than 10 µm. It is 

worth noting that the packet size effect on toughness was much larger than that on yield strength. 

The same authors [24] used EBSD techniques to show the boundary-induced decrease in 

cleavage crack length with block refinement in lath martensitic steel. Hanamura et al., [25] 

obtained similar results, but with less definitive microstructure characterization. Ishikawa et al., 

[26] analyzed the fracture behavior of 0.15%C abrasive resistant steel treated to 420 HV 

hardness. Charpy tests conducted at -196 °C revealed a relatively straight crack path for a 

conventional Q&T steel, while that of an ausformed steel (niobium microalloying + TMCP) 



showed a much more corrugated crack path. This was due to many deflections at packet 

boundaries leading to higher energy consumption (the fracture mode still being brittle in both 

materials). Charpy tests performed at -40 °C indicated a marked increase in energy consumption 

when the prior austenite grain size was reduced to below 30 µm. The fracture appearance was 

becoming increasingly ductile at smaller prior austenite grain sizes. 

 

The dimpled topography of ductile fracture is due to the concave depressions formed by the 

growth and coalescence of spherical micro-voids with the advancing crack front, Figure 6. These 

micro-voids may be nucleated at any heterogeneity, hence, the size and distribution of 

heterogeneities have an important influence on the formation, growth and coalescence of voids. 

The size to which a micro-void can grow depends partly on the work hardened state of the 

matrix, and thus the number of voids required for the propagation of a fracture front will increase 

with an increase in the work hardened condition of the matrix. Improving the cleanness of steel 

is an important means of increasing energy absorption in ductile fracture mode. In very clean 

steels voids can be generated at grain corners, setting the limit to this means of improvement. 

 

 



 

Figure 6. Schematic crack propagation and appearance of ductile fracture. 

 

Lowering the Ductile-to-Brittle Transition Temperature 

 

In ferritic steel the ductile-to-brittle transition temperature, TB, can be efficiently lowered by 

reducing the carbon content and refining the grain size. Grain refinement compensates the loss of 

strength originating from the carbon reduction. This principle has found its culmination in 

modern TMCP steels. 

 

In martensitic steel the transition temperature from a ductile dimple-type fracture to brittle 

cleavage-type fracture depends on the block size and the hardness (strength). Reducing carbon is 

not always an option as carbon is needed for strength and the trade-off with Hall-Petch 

strengthening from grain refinement may be insufficient. The linear correlation between the 

inverse square root of the packet size (hence, by inference, block size) and TB according to 

Equation 3 was demonstrated for different alloys [27]. The Hall-Petch coefficient KB was found 

to be larger in magnitude when the steel has a higher carbon content. 

 

The connection between DBTT and the cleavage fracture stress can be understood on the basis of 

a model that was originally suggested by the Russian physicist, Yoffee, in the early 20th century 

[28]. The Yoffee diagram suggests two generic ways to suppress the ductile-brittle transition: 

raising the brittle fracture stress (𝜎𝐹) or lowering the effective yield strength (𝜎𝑦). Since high 

yield strength is a desirable feature of a structural steel, most of the relevant research has 

concentrated on raising the brittle fracture stress. The peak tensile stress in the process zone of a 

crack tip in an elastic–plastic material, 𝜎𝑇, scales with the yield strength, 𝜎𝑦, and is of the order 

of (3–5) 𝜎𝑦. It follows that this stress increases as the temperature drops. Assuming that the 

brittle fracture mode is cleavage, then so long as 𝜎𝑇 is below 𝜎𝐹, the crack tip material yields 

before cleavage and the fracture is ductile. But in typical ferritic or martensitic steel the thermal 

increment in 𝜎𝑦 has the consequence that decreasing temperature eventually raises 𝜎𝑇 above 𝜎𝐹. 



When this happens, the material becomes liable to brittle fracture. The ductile–brittle transition 

occurs at a temperature close to the crossover point. 

 

As illustrated in Figure 7, the most direct way to decrease DBTT is to raise the brittle fracture 

stress. Grain refinement is an effective way to do this. There are three generic ways to refine the 

effective grain (block) size of lath martensitic steel: 

 

1. Refine the prior austenite grain size; 

2. Break up the block by inserting a second Bain variant; 

3. Break up the block by inserting a second phase (usually austenite) along the lath 

boundaries.  

 

Either thermal or thermomechanical methods allow accomplishing each of these. 

 

 

Figure 7. The Yoffee model indicates that ductile–brittle transition occurs when the crack-tip 

stress exceeds the brittle fracture stress. Refining the grain size raises both stresses, but the effect 

on fracture stress is generally larger, with the result that DBTT decreases. 

 

Effective Grain Size Against Boundary Embrittlement 

 

Thus far, brittle fracture was associated with transgranular (quasi-) cleavage fracture. However, 

under certain circumstances, intergranular brittle fracture can be observed. Prior austenite grains 

usually constitute the facets of that fracture type. The condition for intergranular fracture to 

occur is the grain boundary cohesion being weaker than the yield strength and cleavage stress. 

 

There are three principal origins for weakening of austenite grain boundaries: 

 

1. Segregation of solutes and impurities to the austenite grain boundary;  

2. Precipitation of particles (carbides, nitrides) at the grain boundary;  
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3. Hydrogen embrittlement. 

 

Refinement of the prior austenite grain size results in an enlarged total grain boundary area. 

Solute atoms and impurities tend to segregate to the austenite grain boundary. This effect can 

take place in the austenite phase, ie. before quenching but also after transformation, eg. during a 

tempering treatment. The increased concentration of interstitials such as carbon, nitrogen, boron 

in the grain boundary area also leads to a preferred precipitation of metal carbides, nitrides or 

intermetallic compounds due to the locally increased solubility product. On first sight it may 

seem that an increased total grain boundary area should lead to a “geometrical dilution” of 

segregated elements. However, Asahi and Ueno [29] pointed out, based on calculations, that the 

change in concentration of segregated elements in the grain boundary due to grain refinement is 

expected to be negligibly small. Therefore they also did not observe a change in distribution and 

size of precipitates upon tempering. 

 

Hydrogen embrittlement appears to be a boundary phenomenon in ferritic or martensitic steels. 

Ordinarily, the hydrogen-induced fracture separates prior austenite grain boundaries [30-35] 

occurring by intergranular decohesion at rather low stress intensities. Increasing yield strength 

enhances the sensitivity for hydrogen embrittlement, because it increases the local hydrogen 

concentration at the tip of a stressed crack or notch, and also allows the local cohesive stress to 

be reached. (Higher yield strength allows higher stress without plastic deformation and as a 

consequence the lattice dilation caused by the larger stress attracts more hydrogen). 

Transgranular cracking due to hydrogen embrittlement has also been observed. This fracture 

mode occurs at higher stress intensities than intergranular decohesion and appears to propagate 

along planes of maximum shear stress [36]. The fracture appearance resembles that of quasi-

cleavage. 

 

Both fracture modes have recently been observed in steel grade 22MnB5 (10B22) in the as-

quenched state [37]. The standard 22MnB5 steel comprising an average PAGS of 17 µm had a 

yield strength of around 1050 MPa and a tensile strength of around 1750 MPa. Charging that 

steel with hydrogen under a constant applied load led to failure by intergranular fracture at 

stresses in the range of 400 to 600 MPa, Figure 8. The same steel was then additionally 

microalloyed with niobium (0.05%), reducing the average PAGS to 6 µm. The strength was 

marginally increased (+50 MPa) due to this grain refinement. After hydrogen charging, the 

grain-refined steel showed transgranular cracking with a quasi-cleavage appearance in the 

fracture initiation area, Figure 9. The fracture stress for this steel was in the range of 1150 to 

1250 MPa, ie. above the as-quenched yield strength. Large parts of the fracture surface even 

showed a ductile dimple-type appearance. 

 

Krauss and co-workers [38] did similar hydrogen embrittlement tests on 10B22 steel and found 

almost exactly the same drop in fracture stress down to 400 MPa after hydrogen charging, with 

the appearance of intergranular cracking. Instead of grain refinement, they performed tempering 

treatments. By low-temperature tempering (150 °C) the same effects in terms of fracture stress 

and appearance were obtained as in grain-refined 22MnB5. 

 

 



 

Figure 8. Effect of niobium microalloying on the fracture stress of as-quenched steel 22MnB5 

subjected to various conditions of hydrogen charging. 

 

 

Figure 9. Appearance of fracture surfaces; (a), (b) dimple-type ductile fracture, (c) intergranular 

brittle fracture, (d) transgranular quasi-cleavage fracture. 



In clean or gettered lath martensitic steels, the hydrogen resistance is relatively good and the 

fracture mode is transgranular [32]. A closer examination shows, however, that even in this case 

the fracture is primarily interfacial, propagating along martensite lath boundaries. If the fracture 

is along grain or lath boundaries, then the effective grain size is the length of the semi-planar 

boundary segments. In lath martensitic steels the boundaries extend across the packet, so the 

effective grain size is the packet size. To overcome hydrogen embrittlement, it is necessary to 

refine the packet size to the optimal degree. Rapid reversion treatment ('→→') produces a 

coherent product with a submicron packet size, which can make the steel virtually immune to 

hydrogen embrittlement [28,31]. 

 

Effects of Low-temperature Tempering (LTT) 

 

Low-temperature tempering (LTT) improves toughness of as-quenched martensite, but maintains 

hardness and strength at high levels. In as-quenched martensite the strength originates from 

carbon atoms trapped in octahedral lattice sites or segregated to dislocations and interfaces of the 

martensitic structure [1].  

 

When as-quenched martensite is tempered in the temperature range of 150 to 200 °C, transition 

carbides precipitate in the martensite crystals and retained austenite is stable, Figure 10. 

Tempering at temperatures above the LTT range causes the transformation of retained austenite 

and the replacement of the transition carbides by coarser particles of cementite, leading to lower 

strengths and tempered martensite embrittlement. Krauss [39] explained that the key 

strengthening mechanism of the LTT structures across the entire spectrum of carbon contents is 

the strain hardening associated with dynamic interactions of dislocations with the fine transition 

carbide/dislocation substructure of the tempered martensite [40]. With increasing carbon content, 

the intensity of these interactions increases as the density of the sub-structural features increases 

and the spacing of the obstacles to dislocation motion decreases. Secondary factors influencing 

strain hardening are martensite morphology, prior austenitic grain size (through its effect on 

martensite packet size), and retained austenite content and distribution. 

 



 

Figure 10. Metallurgical effects occurring during tempering. 

 

Low-carbon martensitic steels are most often produced as plate or sheet and processed into 

components by cold forming. Therefore, good ductility (in the sense of elongation) is required. 

As-quenched martensite has high strength but very low total elongation, usually below 10%. 

LTT brings a small improvement of total elongation at the expense of a moderate loss in tensile 

strength [41]. The “roundhouse” shape of the stress-strain curve is retained. 

 

Medium-carbon steels are usually hot formed, (eg. by forging, press hardening) so that room 

temperature elongation is not so important. Such steels require, however, toughness and fracture 

resistance at ambient and sub-ambient temperatures. Martensitic medium-carbon steels tempered 

at around 150 °C show significant ability to plastically deform and fail by ductile fracture 

mechanisms [40]. Engineering stress-strain curves for the low-alloy medium-carbon steels 4130, 

4140, and 4150 quenched and tempered at 150 °C show systematic changes in strength and 

ductility with increasing carbon content. Yield and ultimate tensile strengths of the LTT 

microstructures increase with carbon content and all measures of ductility, except uniform 

elongation, decrease with increasing carbon content. 

 

The fracture of all of the LTT martensitic medium-carbon steels occurs by ductile fracture 

mechanisms, ie. by microvoid nucleation, growth and coalescence, and the macroscopic fracture 

appearance of the tensile specimens is that of cup-and-cone fracture [40]. Only two components 

of the LTT martensitic microstructures in medium-carbon steels vary systematically with carbon 
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content - amount of retained austenite and the density of the transition carbides, which 

precipitate in the laths of martensite. The more important of these two by far is the transition 

carbide density. Dislocation movement through the transition carbide/dislocation substructure of 

the tempered martensitic matrix accomplishes most of the plastic deformation. The higher the 

transition carbide density, the shorter the dislocation segments which can glide, and the higher 

the stresses required for dislocation motion and plastic flow. Continuing dynamic interactions 

between glide dislocations and the transition carbide/dislocation substructure of the tempered 

martensite during straining, lead to high flow stresses and high rates of strain hardening. 

 

Effects of High-temperature Tempering (HTT) 

 

As-quenched martensitic microstructures are highly unstable during high-temperature tempering 

[42,43]. The supersaturation of carbon and other elements present in the steel is relieved by 

precipitation, resulting in dispersions of iron carbides and alloy carbides within the matrix 

microstructure of the martensite, Figure 10. Retained austenite transforms and produces new 

distributions of cementite and ferrite.  

 

High-temperature tempering produces remarkable changes in martensitic microstructures. The 

many types of boundaries change in shape and quantity, changing the shape and size of the 

crystals, which they enclose. The high density of dislocations produced by the martensitic 

transformation introduces strain energy into the martensite crystals and drives recovery 

mechanisms or even recrystallization of tempered martensitic crystal microstructures. In the 

extreme, microstructures of spheroidized cementite particles and equiaxed ferrite crystals with 

very low strengths and very high ductilities are produced. However, preceding the formation of 

such spheroidized microstructures, there are tempering conditions that produce microstructures 

with excellent combinations of high strength and high fracture resistance. Although the strengths 

are much reduced from that of as-quenched or low-temperature tempered martensite, the 

strengths, combined with high toughness, are higher than produced by other processing 

approaches. Despite the fact that HTT relieves the supersaturation of as-quenched 

microstructures and produces combinations of ferrite and dispersed carbide particles, high-

temperature tempered microstructures still merit the term tempered martensite because 

martensite is the origin of the structure and traces of the parallel crystal, packet, and block 

morphology of lath martensite are retained. 

 

The changes produced by high-temperature tempering are continuous as a function of increasing 

time and temperature of heating and dependent on alloying. Changes that affect performance are 

the degree to which the dislocation substructure is retained and modified, the elimination, 

growth, and stabilization of as-quenched martensite crystals (the effective grain size), and the 

formation of carbide particle dispersions. 

 

Figure 11 shows a light optical micrograph of highly tempered lath martensite in Fe-0.2%C steel 

[44]. The martensitic microstructure has undergone considerable coarsening, but some parallel 

boundary alignment of lath martensite is retained. Coarsening of the structure has occurred by 

the elimination of many of the very fine martensite crystals produced by the martensitic 

transformation. It appears that the only residual feature of the as-quenched martensite is a block 

structure in which there are no individual crystals within the blocks. Consistent with current 



understanding of lath martensite microstructures in low-carbon steels, the elimination of low 

angle boundaries probably occurred in blocks of the as-quenched martensite. In addition to the 

ferritic matrix, dispersed carbide particles (appearing as small dark features) are also part of the 

HTT microstructure.  

 

 

Figure 11. Microstructure of lath martensite in Fe-0.2%C steel after tempering at 700 °C for 

two hours (light optical micrograph, Nital etch) [44]. 

 

 

Figure 12. Tempered martensite in 4130 steel heated at 650 °C for one hour (TEM micrograph. 

Courtesy of F. Woldow while at the Colorado School of Mines). 

 

  



Not only does the martensite crystal morphology alter during HTT, but the substructure within 

the martensitic crystals also changes, and as noted relative to Figure 11, carbide particles 

nucleate and grow. Figure 12 shows a high-magnification TEM micrograph of the microstructure 

of martensite in a 4130 steel tempered at 650 °C for one hour. Elongated sections of martensite 

crystals are still parallel. Dispersed carbide particles have formed within martensite crystals and 

on martensite crystal boundaries and the high dislocation density present within as-quenched 

martensite has been substantially reduced. 

 

Strengthening would, therefore, come from the very fine grain size, ie. the surviving martensite 

crystals and perhaps some dispersion strengthening from the carbide particles. The combination 

of high strength and high toughness of many HTT steels is consistent with the fundamental 

principle established for ferritic microstructures: grain size refinement is the only strengthening 

mechanism that increases both strength and toughness [45]. Thus, despite the fact that there is a 

degree of coarsening of the as-quenched size of the martensite crystals during HTT, the residual 

very fine crystals or grains account for a major strengthening mechanism in highly tempered 

martensite. The mechanism and degree of crystal growth, especially in alloy steels, need further 

research. 

 

Practical applications requiring moderate strength and high toughness are often manufactured 

from HTT steel. The ductile-to-brittle transition occurs at much lower temperatures than that of 

microalloyed medium-carbon steels with precipitation-strengthened ferrite/pearlite microstructures 

treated to comparable hardness. Steels that require good resistance to hydrogen embrittlement are 

also highly tempered to lower hardness, a property related to the reduction of dislocation density 

in HTT martensitic steels [29,46-48]. The precipitation of nano-sized alloy carbides in the 

temperature range of 500 to 650 °C induces a secondary hardening effect. The magnitude of that 

effect depends on the actual size distribution, as well as type of carbides and can at least 

compensate in part for the microstructural softening. 

 

Temper Embrittlement 

 

The optimization of strength and toughness by tempering is impeded by the phenomenon of 

temper embrittlement appearing in the temperature range of 250 to 400 °C and featuring 

predominantly intergranular cracking along the prior austenite grain boundaries [1]. The 

embrittlement is concurrent with the replacement of -carbide by interlath cementite during 

tempering and the mechanical instability of interlath films of austenite (as a consequence of 

carbide precipitation) during subsequent loading, but only occurs in the presence of impurities 

[49]. Addition of a sufficient amount of silicon to the steel can inhibit the formation of cementite 

in the critical temperature range. The combination of cementite precipitates and residual impurity 

elements on prior austenite grain boundaries leads to fracture by intergranular cracking in the 

embrittlement range. 

 

In the current context, the question arises whether grain refinement would have an effect on 

temper embrittlement. It has been established that the susceptibility to reverse temper 

embrittlement (RTE) of tempered martensitic microstructures increases with increasing grain 

size [50]. This effect can be explained in terms of the ease of brittle crack propagation. In clean, 

(ie. impurity-free) alloyed steel, the DBTT appears to be insensitive to grain size, in contrast to 



plain carbon steels. Substructural features, rather than prior austenite grain size, determine the 

stress required for brittle cleavage crack propagation in the quenched and tempered alloy steel. 

When impurities, (eg. Sn, P) are present in the steel, a significant shift of the DBTT towards 

higher temperatures can be observed, Figure 13. This is accompanied by a change in brittle 

fracture mode to intergranular, Figure 14. When the grain boundary cohesion is reduced to below 

the cleavage stress as a consequence of segregated impurities, it equals the yield strength at 

higher temperature. As expected, intergranular crack propagation is promoted as grain size 

increases, although segregation occurs at all high-angle grain boundaries. Countermeasures to 

this effect are to getter solute impurity atoms preventing them from segregating to the grain 

boundaries. On the other hand, segregation of transition metal atoms can increase the boundary 

cohesion and counteract intergranular fracture. This effect will be explained in more detail in a 

later section. 

 

 

Figure 13. Effect of temperature on the appearance of brittle fracture, influence of boundary 

embrittlement and metallurgical remedies. 
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Figure 14. Appearance of intergranular fracture of an embrittled martensitic steel. 

 

As outlined before, the grain size effect on segregated impurity concentration on the boundary is 

negligible. On the other hand, diffusion distances to boundaries are a direct function of grain size 

and thus an effect on segregation kinetics should be expected. 

 

Alloy Design and Related Effects 

 

General Considerations 

 

Conventional martensitic steels are usually quenched carbon-manganese grades, often 

microalloyed with a small amount of boron. In such steel, hardness is determined directly by the 

carbon content [51]. However, with increasing hardness the toughness of the quench hardened 

steel decreases to very low values. Alloyed steel types are applied where toughness matters and 

where through-hardening at heavier gages is required. Guaranteed minimum toughness, (eg. 21 J 

or 27 J) can be adjusted at low temperature, (eg. 0 °C or -40 °C) by controlling the carbon 

content and the alloying concept, in combination with appropriate heat treatment. Such grades 

produce an enhanced service lifetime in applications where impact loads prevail, especially in 

cold climates.  

 

Alloy Design for Hardenability 

 

A fundamental aspect in designing the alloy for a martensitic steel is hardenability. The alloy 

design, in combination with the quenching method, must achieve sufficient hardness (strength) 

over the entire specified depth or thickness of the component. In conventional carbon-manganese 

steel, the hardening depth is limited to a few millimeters. However, for specific applications, 

much heavier gages of hardened material are required. Thus, a precisely tuned amount of 

alloying elements, in combination with high cooling rates, is needed to achieve a high hardness 

value in the core of thicker plates or components and to obtain a homogeneous microstructure. 

Even though surface hardness is easily achieved by a quenching or carburizing treatment, 

hardness tends to decline towards the core of a heavy gage component, with the cooling rate 

decreasing with distance from the quenched surface. Therefore, hardenability needs to be 



enhanced by other alloying elements, such as molybdenum, chromium, copper and nickel. In 

estimating hardenability by Grange’s technique [52] it is assumed that the hardenable diameter 

for iron is zero. The influence of single alloying elements on the change of the hardenable 

diameter can be estimated from Figure 15. Besides carbon, molybdenum has the strongest effect 

before manganese and chromium. Accordingly, adding 0.25%Mo to a Fe-0.2%C base alloy 

would increase the hardenable cylinder diameter with 90% martensite at the center, by 

approximately 4 mm. 

 

For a first judgment of the achievable hardening depth, the classic Grossman relationship is often 

applied [53]. Accordingly, the hardenability of an alloyed steel characterized by the critical 

diameter DI can be calculated based on the critical diameter of the iron-carbon base composition 

(DIC) and multiplying factors (MF) for each alloyed element. As mentioned before, a smaller 

austenite grain size reduces the base hardenability. 

 

DI = DIC × MFSi × MFMn × MFCr × MFMo × MFNi × MFV × MFCu × MFB × 25.4 (mm) (4) 

 

DIC = (C/10)1/2 × (1.70 – 0.09n) (in)    (5) 

 

C: carbon content in weight percent and n: austenite ASTM grain size number. 

 

The use of this method is described in ASTM standard A255-02.  

 

  

Figure 15. Influence of single alloying elements on the change of the hardenable diameter using 

Grange’s technique. 

 



 

Figure 16. Through-hardenability as a function of Mo and Mo-B dual alloying. 

 

The addition of boron is an efficient method of increasing through-hardenability [54], Figure 16. 

The specific hardenability effect of boron is to obstruct ferrite nucleation at the austenite grain 

boundaries. This effect is different from that of manganese, chromium or molybdenum, which 

lowers the activity of carbon in austenite. To have its effect, solute boron needs to segregate to 

the austenite grain boundaries before quenching. To keep boron in solid solution, boron nitride 

formation in austenite needs to be suppressed. This is achieved by adding titanium, which is a 

much stronger nitride former than boron. Inevitably, TiN particles are formed which have a 

negative effect on toughness. The grain boundary segregation tendency of boron increases with 

lowering the austenite temperature. Since carbon also segregates to the austenite grain 

boundaries, a high carbon-boron solubility product is reached locally. Simultaneously, the 

solubility limit decreases with the austenite temperature. Consequently, precipitation of 

intermetallic Fe23(C,B)6 particles on the grain boundary at lower austenite temperatures is likely 

[55]. The hardenability effect of boron is then lost. Furthermore, these grain boundary 

precipitates are brittle and deteriorate toughness and DBTT. When the quenching temperature of 

austenite is too high, insufficient grain boundary segregation of boron occurs and the 

hardenability effect is hence insufficient. Some processing routes, for instance press hardening or 

direct quenching, involve a deformation immediately before quenching. Such deformation 

introduces dislocations on slip planes and develops deformed boundaries at extremely high strain 

rates [56]. The deformed boundaries are insufficiently covered with boron and the hardenability 

effect is lost. 

 

  



Manganese offers a high hardenability effect. However, the element has a pronounced tendency 

to segregate during casting. These segregation bands are not removed by reheating. Carbon co-

segregates with manganese so that the segregation bands have a much higher hardenability than 

the neighboring areas. Furthermore, the enhanced carbon and manganese content in the 

segregation band results in a significantly lower martensite start temperature. The consequence 

is, firstly, an inhomogeneous hardness distribution in the quenched steel and, secondly, the 

presence of high residual stresses due to the difference in martensite start temperature. Both 

effects are detrimental to toughness, Figure 17. Moreover, macroscopic residual stresses lead to 

distortion, negatively affect fatigue resistance and in the presence of hydrogen, promote delayed 

cracking. 

 

 

Figure 17. Banded ferritic-pearlitic microstructure of hot rolled 22MnB5 (1.8%Mn) prior to 

hardening; (a) LOM and (b) SEM. (c) Tensile test at room temperature showing brittle fracture in 

Mn segregation bands, ductile fracture in softer Mn-depleted areas. 

 

As mentioned before, molybdenum is particularly efficient in providing good hardenability. It 

does not show the segregation tendency of manganese and its effect on lowering the martensite 

start temperature is weaker. Molybdenum’s hardenability effect is demonstrated in Figure 18 for 

a steel with a base composition of 0.5%Mn and 0.3%Si at carbon levels ranging from 0.1 to 

1.1%. The Grossmann relationship is based on the assumption that there are no interactions 

between carbon and the alloying elements or between the various alloying elements. However, 

from Figure 18 it becomes evident that molybdenum’s multiplying factor varies with the carbon 

content [53].  

 

10 µm 50 µm 
50 µm 

(a) (b) (c) 



 

Figure 18. Effect of molybdenum and carbon on the molybdenum multiplying factor of steels 

containing 0.5%Mn and 0.3%Si. 

 

 

 

Figure 19. Effect of austenite grain size on the molybdenum multiplying factor of steels 

containing 0.5%Mn and 0.3%Si. 



Especially in the range of low- and medium-carbon steels, the multiplying factor decreases with 

increasing carbon content reaching a minimum at around 0.45%C. This means that molybdenum 

is particularly effective in raising the hardenability of such steels with reduced carbon equivalent 

(CE). The amount of molybdenum needed naturally depends on the hardened gage to be 

produced. Thicker gages require a larger Mo addition.  

 

Especially at lower carbon levels, the multiplying factor for molybdenum also strongly depends 

on the PAGS [57]. When the austenite grain size decreases, the multiplying factor increases 

progressively, Figure 19. Thus, molybdenum alloying can effectively counteract the loss of 

hardenability caused by grain refinement. This effect is very important since grain refinement of 

the austenite structure is to be aimed at according to the reasons outlined before. 

 

With regard to further increasing hardenability, the combination of molybdenum with chromium 

appears to have a strong synergy. The combined effect of these two elements is much stronger 

than that of manganese and chromium, Figure 20. Accordingly, the production of heavy gaged 

steel typically relies on combined alloying of molybdenum and chromium. The further addition 

of nickel is particularly interesting when good low-temperature toughness is desired. 

 

 

Figure 20. Effect of alloying elements on the Jominy hardenability curves of steels containing 

0.4%C and 0.3%Si. 

 

  



Alloy Design for Grain Refinement 

 

Based on the fundamentals detailed at the start of this paper, it is very evident that grain 

refinement is the major target in optimizing mechanical properties of martensitic steel. 

Considering the various processing routes for producing martensitic steel, the following steps 

have an influence on the PAGS:  

 

 Soaking treatment (>1100 °C) – austenite grain growth; 

 Roughing hot deformation – austenite grain homogenization and moderate refinement; 

 Finish hot deformation – austenite grain refinement depending on rolling schedule; 

 Annealing after cold deformation – recrystallization and ferrite grain growth;  

 Reheating before quenching – austenite grain coarsening; 

 Case carburizing treatment – austenite grain coarsening. 

 

Any grain refining action starts from the grain size distribution present in the hot steel at the end 

of the soaking treatment. Depending on temperature and duration of soaking, the austenite grains 

can become rather large in size. A successful way of limiting the austenite grain growth during 

soaking is the dispersion of fine TiN particles. TiN has very high-temperature stability, 

Figure 21, and can thus pin austenite grain boundaries. In order to have this pinning effect 

maximized, it is advisable to adjust the titanium addition to a near-stoichiometric ratio with the 

residual nitrogen in the steel (nitrogen is in the range of 30 to 100 ppm depending on the 

steelmaking process). Considering the stoichiometric ratio of 3.4, the optimum titanium addition 

is in the range of 100 to 350 ppm. Over-stoichiometric addition of titanium leads to precipitation 

of coarse TiN particles in the liquid steel, Figure 21. The presence of such particles is harmful to 

toughness. This guideline should also be observed when adding titanium for protecting boron 

against nitrogen. 

 

 



 

 

Figure 21. Solubility isotherms for titanium nitride and morphology of coarse TiN particle 

initiating fracture in a Charpy impact test.  

 

Roughing hot deformation should be done at temperatures above the recrystallization limit 

temperature (RLT) to allow a thorough homogenization of the microstructure. Multiple 

deformation passes with subsequent recrystallization can achieve moderate grain refinement. The 

addition of recrystallization delaying elements, such as niobium and molybdenum has to be 

matched to the temperature window available for roughing. 

 

Finishing hot deformation below the recrystallization-stop temperature (FRT<RST) allows 

achievement of the largest grain size reduction. It is well established that niobium is most 

effective in retarding the static recrystallization (SRX) of austenite at high temperatures, 

Figure 22. This effect of niobium strongly increases up to an addition of 0.06% and then levels 

off [58]. Molybdenum, as a single alloying element, does not remarkably retard SRX. However, 

the combination of Mo and niobium leads to a synergetic increase in retardation of SRX. Earlier 

experiments performed by Akben et al., [59], revealed the effect of molybdenum additions on the 

dynamic recrystallization (DRX) of microalloyed steels. When microalloyed steels are deformed 

above the solution temperature of their respective carbonitrides, the addition of molybdenum 

leads to a distinct retardation in the initiation of dynamic recrystallization. The solute retarding 

effect of molybdenum alone is intermediate between that of niobium, which has the greatest and 

that of vanadium, which has the least effect, on an equal atom fraction basis. The addition of 

boron alone can slightly retard SRX. However, when boron is combined with niobium, the effect 

is larger than the sum of the separate effects. According to He et al., [60], this has been attributed 

to the formation of Nb-B complexes exerting a strong dragging force on the grain boundaries and 

hence reducing their mobility. Increasing the recrystallization stop temperature (RST) to values 

of 900 °C or above results in a particularly large processing window for finish rolling. The 

increased recrystallization limit temperature (RLT) observed for co-addition of boron can be a 



concern, as full recrystallization is desired during roughing. Especially for plate mills, the 

operating window is narrowed due to the relatively low slab discharge temperature. 

 

 

Figure 22. Effect of boron, molybdenum and nickel on the recrystallization behavior 

 in low-carbon, high-niobium steels. 

 

When niobium microalloyed steel is ausformed below the solution temperature of its carbide or 

carbonitride, in-situ  precipitation of small particles results in a further component of retarding 

recrystallization. In this case, the addition of molybdenum involves two opposing effects. One is 

an increased retardation of recrystallization due to its effect as a solute. The other is a decrease in 

the amount of precipitation due to reduced activity of carbon and nitrogen. It was observed that 

the onset of precipitation of niobium in a 0.05%C-0.04%Nb steel takes twice as long when 

0.3%Mo is added [59]. More recent results by Cao [61] confirmed this effect and indicated that 

the precipitation start in a 0.02%C-0.08%Nb steel is delayed by one order of magnitude after 

adding 0.15%Mo. It is evident that an increased portion of niobium can be retained in solid 

solution. Niobium prevailing in solid solution after finish rolling has a significant capability of 

reducing the transformation temperature. Solute molybdenum and niobium both strongly reduce 

the diffusivity of carbon in austenite [62]. This effect is stronger for niobium than for 

molybdenum. However, niobium’s solubility is limited and decreases with temperature, whereas 

molybdenum remains fully soluble. Since molybdenum retards the niobium precipitation as 

explained above, their individual effects on reducing the carbon activity are additive in dual 

alloyed steel. Hara et al. [63] have explained the effect of reduced carbon activity by Nb-C or 

Mo-C cluster formation. Microalloying elements available in solid solution after finish rolling 

have two important effects. Firstly, they delay the transformation from austenite to ferrite to a 

lower temperature. This effect increases with the cooling speed. Secondly, solute microalloying 

elements have the potential to precipitate during or after the phase transformation to a much finer 

particle size than that of precipitates formed in austenite. Upon direct quenching these 

precipitates can provide effective secondary hardening during a subsequent tempering treatment. 
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Alloy Design for Tempering Resistance 

 

In steels alloyed with strong carbide-forming elements, such as chromium and molybdenum, 

high-temperature tempering permits the diffusion of the alloying elements into the cementite 

which precipitates and grows in HTT microstructures. It has long been known that those 

elements significantly reduce the rate at which hardness decreases during high-temperature 

tempering [51]. Recently, atom probe tomography has made it possible to determine the 

distribution of elements on an atomic scale. Accordingly, the carbide forming elements are 

shown to be beginning to diffuse into the cementite of 4340 steel tempered at 575 °C [64]. The 

study also showed that at a lower tempering temperature of 325 °C cementite forms without any 

substitutional alloying elements. Thus at the higher temperatures at which substitutional atoms 

can noticeably diffuse, their partial but still sluggish diffusion restricts cementite particle growth. 

 

Molybdenum mitigates the strength loss during high-temperature tempering in two further ways: 

through solid solution strengthening, as well as secondary precipitation of complex carbides, 

together with other elements, such as chromium and niobium. Through its capability of forming 

such carbides, molybdenum is very efficient in delaying the loss of strength during tempering 

while improving fracture toughness. Figure 23 demonstrates this effect of molybdenum in 

combination with chromium and niobium for various Holloman-Parameters (HP) defined as: 

 

HP = T x (20 + log t) x 10-3     (6) 

 

where T is the tempering temperature in Kelvin and t the tempering duration in hours. Increasing 

molybdenum content clearly improves the tempering resistance of the Mn-Cr steel, however, 

superior tempering resistance is obtained by a combination of molybdenum and niobium, 

Figure 23. For a selected HP value, one can either temper at lower temperature for longer time or 

at higher temperature for a shorter duration. Tempering at high temperatures in the region below 

the Ac1-transformation point brings about the most desirable microstructure in terms of SSC 

(sulfide stress cracking) resistance. A well-recovered matrix with uniformly dispersed 

spheroidized carbide particles are the main characteristic of this microstructure.  

 



 

Figure 23. Tempering behavior of quenched steel for various molybdenum additions and 

niobium microalloying. 

 

As testimony of molybdenum-alloyed steel’s good tempering resistance, the martensite in a 

0.12%C-steel alloyed with 1.40%Mn and 0.29%Mo was found to contain a reduced but still high 

dislocation density upon tempering at 675 °C [65]. Figure 24 shows the beginning of 

recrystallization in this HTT steel, a mechanism that converts the tempered martensite into an 

equiaxed ferrite/spheroidized microstructure with substantially lower hardness and strength than 

the tempered martensite it replaces. 

 



 

Figure 24. TEM micrographs showing the onset of recrystallization in a 0.12%C steel alloyed 

with 1.40%Mn and 0.29%Mo; tempered at 675 °C for; (a) one hour and (b) two hours [65]. 

A and B show larger and smaller spheroidized cementite and carbide particles within 

recrystallized ferrite grains 

 

Boron microalloyed Cr-Mo steel has a higher tempering resistance than boron-free steel, 

especially at elevated tempering temperatures. However, boron-treated steel, tempered at higher 

temperature, has clearly inferior room temperature toughness as compared to the boron-free 

steel. Particularly when tempering at 600 °C, boron-treated steel tends to have low toughness due 

to formation of continuous cementite films on the lath boundaries. After tempering above 

700 °C, boron-free steels show extensive recovery with the onset of recrystallization resulting in 

good toughness, whereas in boron-treated steel, recrystallization is retarded so that its toughness 

is still inferior. A significant problem is the formation of Fe23(C,B)6 precipitates on the prior 

austenite grain boundaries. This intermetallic phase is brittle and significantly impairs the DBTT. 

Maitrepierre et al., [66], discussed this phenomenon in detail showing that over-alloying with 

boron is particularly harmful. The best compromise between hardenability and toughness, after 

high-temperature tempering, is found for boron additions between 10 and 30 ppm. However, in 

practice it is a challenge for the melt shop of a steel mill to meet this narrow window. 

 

The carbide reactions in molybdenum steels are extremely slow, and therefore, hard to complete 

by heat treatment at 700 °C [67]. As a result of this, it is often observed that carbides present in a 

steel transformed isothermally at 700 °C, differ from those in steel tempered at the same 

temperature. M23C6 is found in tempered structures of molybdenum-alloyed steels containing 

chromium as an additional alloying element. In this carbide type, molybdenum substitutes a 

fraction of the chromium atoms. 

 



Long-time annealing of molybdenum-only alloyed carbon steel results in the formation of 

needle-shaped Mo2C precipitates in the grain interior [68], Figure 25. Depending on the C/Mo 

ratio they can be nearly pure Mo2C [69]. This is particularly the case when the atomic C/Mo ratio 

is around stoichiometry. The needles have a preferred orientation and grow along the <100> 

direction in the ferrite lattice, Figure 25. The average length of Mo2C needles increases with the 

annealing duration. These Mo2C needle shaped precipitates should be avoided, as they are 

particularly harmful when hydrogen is present in the steel. Lower molybdenum content (≤0.3%) 

does not cause this problem, Figure 26. For higher molybdenum contents, the addition of 

stronger carbide formers (microalloys) is advisable. 

 

 
Figure 25. Types of molybdenum-containing precipitates in a 0.2%C-0.5%Mo steel after 

tempering for 16 h at 700 °C [67]. 

 

 

 

Figure 26. Conditions for Mo2C precipitate formation during long term annealing at 700 °C. 
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Several other alloying elements have an influence on strength during high-temperature 

tempering. The effects of the most typical alloying elements in Q&T steels have been determined 

by a range of experiments and subsequent multiple regression analysis. The strength correlations 

for a given quench and temper condition are shown in Table I [70]. 

 

According to the formulae in Table I, manganese alloying leads to a yield strength reduction, 

whereas molybdenum raises yield and tensile strength. Thus, molybdenum not only provides a 

better hardenability than manganese but also boosts secondary hardening during tempering. 

 

Table I. Effect of Alloying Elements in wt.% on Strength after Q&T Treatment  

(930 °C/30 min. → oil-quench → 600 °C/60 min. → air-cool) 

Yield strength = 

(MPa) 

715 + 1880 [C]2 – 1663 [C]3 + 67 [Si] – 774 [Mn] + 920 [Mn]2 – 330 [Mn]3 + 74 [Cr] –  

16 [Cr]3 – 3.5 [Ni]2 + 453 [Mo] – 181 [Mo]2 + 124 [W]2 + 1820 [V] –  5226 [V]2 + 4957 [V]3 

+ 425 [Nb] + 22114 [Al]2 + 12550 [N] – 972x104 [N]3 

Tensile strength = 

(MPa) 

534 + 865 [C] + 162 [Si] – 62 [Si]2  + 3 [Ni]2 + 579 [Mo] – 252 [Mo]2 + 291 [W] – 368 [W]2 

+ 1389 [V] – 2305 [V]2 – 252 [Ti] + 10635 [N] – 783x104 [N]3 

 

Alloy Design Against Temper Embrittlement 

 

Impurity elements such as phosphorus, antimony and tin are notorious for their embrittling 

effect. Therefore, the content of these elements must be limited as much as possible during 

steelmaking. Phosphorous is one of the most frequent impurities in steels. It can affect material 

properties strongly, even at small bulk concentrations of 100 ppm if it is segregated at the grain 

boundaries. In simple carbon steels the tendency for grain boundary segregation of phosphorus is 

reduced due to site competition at the grain boundary [71]. In alloy steel, however, a significant 

portion of carbon becomes tied up as metal carbide during high-temperature tempering and 

phosphorus grain boundary segregation can occur. The problem also appears in high strength 

interstitial-free (IF) steels for automotive applications. These steels, which are phosphorus 

alloyed and where carbon is completely tied up, are vulnerable to secondary work embrittlement. 

The traditional remedy against embrittlement is the addition of 5-10 ppm boron, Figure 27. Site 

competition by solute boron can successfully avoid grain boundary segregation of phosphorus 

during annealing treatments [72,73]. Later it was demonstrated by Urabe et al., [74], that boron-

free high strength IF steel with an over-stoichiometric niobium addition produces a similar 

resistance against embrittlement. Two different metallurgical reasons can explain the anti-

embrittlement effect of niobium. In carbon-free steel (such as IF steel) niobium has been shown 

to form NbP clusters or even precipitates [75]. This effect disappears when solute carbon is 

present leading to NbC precipitation. Likewise, titanium forms TiP clusters in carbon-free steel, 

reducing embrittlement. When solute niobium and titanium are segregated to the grain boundary 

they appear to increase boundary cohesion. Starting from first-principles quantum mechanical 

calculations on the strengthening and embrittling effects of alloying metals on the grain 

boundary cohesion, it was found that many transition metals of the groups IVa to VIIa have the 

potency of increasing cohesion, Figure 28 [76]. Of those technically relevant in steelmaking, 

tungsten, niobium and molybdenum have the largest effects in descending order. Titanium and 

vanadium have a clearly smaller cohesion enhancing effect, whereas manganese has a cohesion 

reducing effect, thus supporting embrittlement.  

 



Both molybdenum and tungsten have rather good solubility in medium carbon steel [77], 

contrary to niobium and accordingly these are most suitable to deploy the cohesion enhancing 

effect, especially in medium-carbon and high-carbon steels. Again it appears that higher 

manganese additions should be avoided. 

 

 

Figure 27. Avoidance of phosphorus grain boundary embrittlement by boron and solute niobium 

[74]. 

 

 



 

Figure 28. Embrittlement potency of substitutional additions in Fe 3(111) grain boundary [76]. 

 

Alloy Design Against Hydrogen Embrittlement 

 

Hydrogen embrittlement is a severe concern in practically all ultra-high strength steels. The 

principal effect of hydrogen embrittlement has been already discussed in this paper where grain 

refinement was identified as a feasible means of reducing this detrimental effect. Another means 

of reducing hydrogen embrittlement is that of hydrogen trapping. 

 

The concept of hydrogen trapping, Figure 29, has significant potential with regard to reducing 

the sensitivity of steel to hydrogen induced delayed cracking. Various traps are characterized by 

their binding energy of hydrogen, Table II [78-81]. Flat traps with binding energies of 

<20 kJ/mol can be discerned from deep traps with binding energies of >50 kJ/mol [79]. Grain 

boundaries, coherent precipitates, and dislocations form a class of reversible traps, which can 

only weakly bind hydrogen at temperatures of interest. Incoherent precipitates, voids, etc. are 

much stronger irreversible traps. It is the latter type of trap that appears most effective in 

modifying susceptibility to delayed cracking in the presence of hydrogen. Both improvement and 

degradation are possible depending on the shape, location and specific properties of irreversible 

traps. However, reversible (weak) traps can also play an important role since they may strongly 

affect the kinetics of hydrogen transport. In particular, their presence can often reduce 

susceptibility by increasing the time necessary to reach some critical local hydrogen 

concentration [78]. Important exceptions are mobile dislocations, which transport hydrogen in 



their core or as Cottrell-type atmospheres. These mobile traps can transport hydrogen at a much 

faster rate than by lattice diffusion and with a specificity of location that provides an efficient 

means of rapidly localizing the hydrogen concentration at strong microstructural traps [82]. If 

these are local failure centers, embrittlement can be enhanced. There is evidence for the 

occurrence of this scenario in a number of alloy systems [83-87]. 

 

 

Figure 29. Effects of diffusible hydrogen and concept of hydrogen trapping. 

 

Table II. Hydrogen Trapping Energy of Various Nitrides and Carbides in an Iron Matrix [79] 

Alloy system Fe-Zr-N Fe-Ti-N Fe-Nb-N Fe-V-N Fe-Mo-N 

Flat traps 
(kJ/mol H) 

-20.4 -20.7 -18.2 -18.9 -19.3 

Deep traps 
(kJ/mol H) 

-56.1 -60.5 -54.9 -56.0 -56.0 

Alloy system Fe-Zr-C Fe-Ti-C Fe-Nb-C Fe-V-C Fe-Mo-C 

Flat traps 
(kJ/mol H) 

-19.9 -20.6 -18.3 -17.2 -13.9 

Deep traps 
(kJ/mol H) 

-58.5 -58.5 -56.0 -57.0 -56.5 

 

Hydrogen 
in solution 

External 
hydrogen 

source 

highly diffusible 

Lattice Decohesion 
Hydrogen Enhanced Local Plasticity 

Hydrogen Assisted Cracking 

H 

H 

H 

H 

H 

H 

H H 
H H 

H 

H 

H 
H 

H 

H 

H 

Plastic       Elastic 

Diffusive hydrogen 

Deep 
trapped 

hydrogen 

Flat 
trapped 

hydrogen 

Hydrogen 
in solution 

re
ve

rs
ib

le
 

ir
re

ve
rs

ib
le

 

highly diffusible 

diffusible 

non-diffusible 

Internal pressure 
Autocatalytic effect 

Microvoid source 

H 

H 

H H 

H 

H H H 

H 

H 

H 

H 

H 

H 

H 

H 

H 

Plastic       Elastic 

H 

H 

H 

H 

H 

Trapped hydrogen 



Numerous studies have confirmed the hydrogen trapping performance of microalloy precipitates. 

Asahi et al., [88], identified vanadium carbide as a hydrogen trap site in a steel with a tempered 

martensite structure. The activation energy for de-trapping is in the order of 30 kJ/mol. The de-

trapping of hydrogen is very slow while the trapping presumably proceeds rapidly. Similar 

experiments by Yokota and Shiraga [89] showed that the tempering condition is very important 

to optimize the trapping effect of vanadium carbide. Wei et al., [90], demonstrated the trapping 

capability of TiC in a quenched and tempered steel of 0.42%C. TiC is present in a bimodal size 

distribution. Fine TiC particles were found to be more effective in trapping hydrogen than coarse 

particles with the same volume fraction. 

 

In high strength seamless tubes, the distribution of spheroid shaped carbide precipitates was 

shown to allow a significantly higher critical stress level under hydrogen loaded conditions 

[91,92]. In such medium carbon (0.25-0.45%) steels, niobium has been microalloyed up to 

0.08%, providing a fine-grained microstructure and a homogeneous distribution of precipitates. 

Additions of vanadium in combination with a suitable tempering treatment further increase the 

performance under hydrogen-loaded conditions by creating additional trapping sites. 

 

In spring steels, vanadium and titanium precipitates were shown to trap hydrogen and thus to 

improve corrosion fatigue properties. It appeared that titanium precipitates had a bigger effect 

than those of vanadium [93]. A suspension spring steel designed for 1200 MPa shear stress by 

Daido Steel [94] makes use of boron and niobium microalloying to increase the delayed fracture 

strength. Simultaneously, the corrosion-fatigue resistance is also significantly improved. Perrard 

et al., [95], identified a microalloying combination of niobium and titanium as the most effective 

solution, particularly with respect to corrosion-fatigue endurance, when developing ultra-high 

strength spring steel. 

 

When designing the alloy concept for hydrogen trapping by precipitates, the intended processing 

route needs to be considered with respect to the precipitation behavior of the various transition 

metal carbides. When producing as-quenched or low-temperature tempered martensite, 

vanadium or molybdenum carbides have very little chance to form. This is due to their high 

solubility in austenite. Accordingly, at the quenching temperature, be it in a direct quenching 

process or in a reheat-quenching process, both elements are in solution and have no chance to 

precipitate during the transformation due to kinetics. Low-temperature tempering does not 

provide conditions for precipitation of these elements (Mo, V) either. On the contrary, niobium 

and titanium under these processing conditions can exist as precipitates. In a direct quenching 

process, these microalloys will at least partially precipitate during ausforming. The size of such 

strain-induced precipitates is typically in the range of 20 to 100 nm. In a classic reheat-quenching 

process, no or little ausforming is done and in this case niobium remains, for the most part, in 

solid solution and will precipitate only during transformation to ferrite. In this case the 

precipitates will be in the lower nanometer range. When reheating to austenite before quenching, 

remnants of solute niobium will precipitate as well but practically no precipitated niobium will 

re-dissolve at temperatures below 1000 °C. Thus in both processes one can expect a mix of 

coherent and incoherent niobium precipitates in the martensitic matrix. 

 

  



Other Alloy Design Considerations 

 

Applications of mining and tooling materials often occur in the presence of aggressive media. 

Chromium additions of up to 1.5% have proven to be very effective against wear in weakly acid 

media, enhancing the wear life by more than 35% [96]. In corrosion-resistant plastic mold steels, 

chromium contents are raised to 12-15% (grade 1.2083) and additionally increased molybdenum 

alloying (grade 1.2316) is applicable. 

 

In other tooling applications, such as aluminum die casting, the steel may require improved heat 

conductivity. This demands a generally low level of solid solution elements and particularly 

reduced nickel additions [97]. 

 

For applications in LNG or LPG environments, the steel needs to remain ductile and crack 

resistant at such ultra-low temperatures. The base concept for such steels is a low carbon content 

(<0.10%) and nickel alloying in the range of 5-9%. Phosphorous and sulfur residuals are kept at 

very low levels. During production, the steel undergoes a quench and temper treatment and for 

higher demands, a double-quench and temper treatment. The second quench is then executed 

from the two-phase () temperature region. Addition of molybdenum was found to give a 

further increase in strength and toughness [98]. Niobium microalloying proved to be especially 

useful for improved heat affected zone toughness after welding [99]. 

 

The surface of plastic molds is often etched to obtain a certain surface texture on the final plastic 

part. Thus, the plastic mold steel must have good etching capability and should not produce 

flaws or other irregularities. Therefore, the steel must be very clean, free of macro-segregation, 

and fine-grained and it should have a low content of carbides. The fine grain structure can be 

effectively achieved by niobium microalloying. The manganese content is kept at a low level, 

avoiding macro segregation. Carbide forming alloys are also put at a reduced level. An increased 

silicon level helps avoid carbide precipitation during operating temperatures in the range of 200 

to 440 °C. 

 

Steel to be subjected to extensive machining should offer increased cutting efficiency and suffer 

little shape distortion after machining. Concerning the latter demand, a low level of residual 

stress is required. Reduced content of hard carbides being dispersed in the steel matrix is 

beneficial to machining speed and tool life. Furthermore, Hoseiny et al., [100], demonstrated that 

an increase in the martensite packet size led to higher cutting force and shorter tool life. 

Simultaneously, tool life appears to be extended, which is due to the generally lower cutting 

force and smaller variation of cutting force. Niobium microalloying should be beneficial in this 

respect for providing a small packet size and a narrow packet size scatter. The fine and 

homogeneous grain size distribution will inherently reduce residual stresses since the martensite 

start temperature depends on austenite grain size [101]. For the same reason, manganese 

segregation should be limited, as was explained above. 

 

Creep resistance is a key property in steels that are exposed to high temperature and stress for 

extended periods. Molybdenum is an established alloying element in such materials as it 

improves resistance to creep and high-temperature corrosion. Niobium has been applied more 

recently and is contained in nearly all the latest high strength steels belonging to the group of 



9-12%Cr steels [102]. Increasing the chromium content to above 7% leads to a group of CrMo 

steels which have a martensitic microstructure as a common feature. The addition of the 

microalloying elements niobium, vanadium and boron as well as tungsten, further improves the 

creep strength and provides an improved resistance against hot hydrogen attack. 

 

Examples of Optimization Strategies for Various Martensite Processing Routes 

 

Conventional Reheat-quenching 

 

The conventional process of reheating and subsequent quenching in water or oil is commonly 

applied for plate products, forgings and castings. In many cases, the hot deformation stage is 

performed at rather high temperatures so that ausforming is not performed or only to a weak 

degree. After hot deformation the material usually cools down slowly, typically into a ferritic-

pearlitic equiaxed microstructure. This microstructure, depending on the cooling rate, is not 

especially fine-grained. Reheating to a temperature of around 950 °C leads to re-austenitzation. 

The austenite grains grow in size during the holding stage at the austenitzation temperature. 

Subsequent quenching develops the martensite substructure within these austenite grains. 

 

Two possible approaches for martensite microstructural refinement can be defined. A 

conservative approach is the addition of niobium in combination with hot deformation at a high 

finishing temperature. Under these conditions, little or no austenite conditioning occurs. Yet, 

niobium carbide particles precipitate during down cooling to the intermediate ferrite-pearlite 

microstructure. These particles can limit austenite grain growth during the subsequent re-

austenitizing phase, Figure 30. A more progressive approach is lowering the finish deformation 

temperature in combination with niobium microalloying. This leads to austenite pancaking and 

subsequent transformation into a fine-grained intermediate ferrite-pearlite microstructure. Upon 

reheating, existing NbC precipitates further act by pinning the austenite grain boundaries as in 

the more conservative approach. The conservative approach has been practiced for decades in 

specific applications. Often it was applied when an increased resistance against hydrogen or 

sulfide stress cracking was required [47,91,103]. In abrasive resistant steel it was utilized to 

increase toughness and to lower DBTT [26,104]. 

 



 

Figure 30. Grain coarsening behavior of austenite in steel 22MnB5 during reheating (one hour) 

depending on austenitizing temperature and niobium addition (scale marker = 20 µm). 

 

The simple C-Mn-B grade 22MnB5 was originally developed as a low-cost hardenable steel for 

production of agricultural equipment. Since the year 2000, this steel has increasingly been used 

for ultra-high strength components in car bodies. Therefore, this steel, in the form of thin sheet, 

is heated up to around 950 °C, completely austenitized and subsequently hot formed in a 

stamping die. The austenitic microstructure is soft and well formable. When the die is in full 

contact with the deformed sheet, quick heat transfer quenches the hot austenite into martensite. 

The formed component is then assembled into the car body structure, which will, after 

completion, be painted and baked for about 20 minutes at 180 °C. Accordingly, the 

thermomechanical history of such a component consists of the following steps:  

 

hot rolling (usually no TMCP) → coil cooling into ferrite-pearlite → cold rolling → 

recrystallization annealing (batch or continuous annealing) → re-heating to austenite → 

quenching into martensite → low-temperature tempering (paint baking).  

 

The obtained mechanical properties are a minimum of 1500 MPa tensile strength, around 

1200 MPa yield strength and between 5 and 7% total elongation. Additionally, toughness is a 

property that also matters since such components are typically used in areas where impact is 

expected in the case of a vehicle collision. This property is, however, not specified by carmakers 

and would be difficult to measure in thin sheet. Carmakers instead apply a quasi-static bending 

test in a three-point configuration with a sharp bending radius, Figure 31, VDA 238-100 [105]. 

On this basis, a minimum critical bending angle is specified, typically in the range of 55 to 

65 degrees. The higher the critical bending angle, the more resistant is the component against 

collapse as a consequence of bend-cracking and the larger is the energy consumption of the 

component. High-temperature tempering treatment can improve the bendability and thus energy 

absorption but at the expense of strength, Figure 31. 

 



In an extensive program of optimizing the critical bending angle in as-quenched Mn-B steel, 

most of the principles discussed previously in this paper have been verified [106]. It became 

evident that refinement of the PAGS is an important step in increasing the critical bending angle. 

In most of the trials done so far, grain refinement was achieved using conservative hot rolling 

and adding niobium in the range of 0.03 to 0.08%, resulting in a PAGS of ASTM 8-10. In the 

non-optimized standard steel the PAGS is usually ASTM 5-7. By combining a conservative grain 

refining approach with, at the same time, relatively low manganese content, critical bending 

angles of up to 100 degrees can be obtained, Figure 32. The avoidance of pronounced 

segregation bands by lowering the manganese content is beneficial to the bendability. Adding a 

small amount (0.10-0.15%) of molybdenum also proved successful and increased the critical 

bending angle. This could be due to the effect of solute molybdenum enhancing grain boundary 

cohesion. Trials using Nb-Mo dual alloying in combination with TMCP rolling resulted in 

further PAGS refinement to ASTM 12-14. 

 

It has already been discussed above that PAGS refinement of 22MnB5 provides increased 

resistance against hydrogen embrittlement. Detailed analysis indicated that the improved 

hydrogen resistance is not only related to PAGS refinement. Figure 33 shows the hydrogen 

diffusivity as a function of the niobium content in 22MnB5. A pronounced minimum value of 

hydrogen diffusivity for a niobium addition of around 0.05% is evident, Figure 33. The origin of 

this variation of hydrogen diffusivity is related to the size distribution of NbC precipitates in the 

steel. Detailed analysis by transmission electron microscopy [107] revealed the presence of a 

precipitate population in the size range from 50 to 250 nm, irrespective of the niobium content. A 

second precipitate population was found having sizes smaller than 30 nm. Those steels with a 

high fracture stress after hydrogen charging and showing reduced hydrogen diffusivity revealed a 

particularly high share of precipitates with sizes smaller than 10 nm, Figure 34. It must be 

concluded that hydrogen trapping by these very fine precipitates is responsible for the observed 

phenomena. 

 



 

Figure 31. Bending test according to VDA238-100 on steel 22MnB5 in as-quenched and 

tempered condition. 

 

 

 

Figure 32. Improvement of critical bending angle (VDA238-100) by microalloy concepts in as-

quenched steels 22MnB5 and 34MnB5. 
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Figure 33. Dependence of hydrogen diffusivity on niobium addition in press hardened 

(martensitic) steel 22MnB5. 

 

 

 

Figure 34. NbC precipitate size distribution in steel 22MnB5 after press hardening treatment. 
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Direct Quenching 

 

Direct quenching (DQ) after hot deformation has gained considerable interest for the production 

of ultra-high strength steel. The austenitic material is subjected to high cooling rate and a low 

cooling stop temperature, immediately after hot deformation. Self-tempering (LTT) or furnace 

tempering (HTT) are additional processing options. Products such as plate, strip and forgings can 

be produced in this way. Direct quenching avoids the second reheating operation, thus offering a 

cost-optimized processing route. From a metallurgical point of view, there are several important 

differences as compared to the traditional reheat-quenching process. Depending on the 

ausforming conditions before quenching, the austenite microstructure is not or only partially 

recrystallized and the grain shape is not globular. This is in contrast to a reheat-quenching 

process where the steel passes twice through a phase transformation providing a normalized 

microstructure with an equiaxed austenite grain morphology. The consequence of an elongated 

austenite grain shape before quenching is an anisotropy of the martensitic microstructure, 

Figure 35 and hence of particular material properties. Secondly, the state of solute carbide 

formers is far more out of equilibrium in a direct quench process. During ausforming under 

industrial processing conditions, niobium only partially precipitates due to relatively slow 

precipitation kinetics. Any solute niobium present after the finish of deformation remains in 

solution under direct quenching, whereas in the reheat-quenching process, most of the solute 

niobium will precipitate during the  phase transformation or during the reheating to austenite. 

Solute niobium, present in as-quenched martensite, reduces the diffusivity of carbon at lower 

tempering temperatures and finally precipitates as fine particles during high-temperature 

tempering, thus providing tempering resistance and pronounced secondary hardening. 

 

A product that is being increasingly produced by direct quenching is hot-rolled strip having yield 

strength in the range of 900 – 1000 MPa. Applications of these steels are found in truck frames, 

crane booms and machinery structures, with the aim of reducing component weight. Regarding 

manufacturing of such components, flatness of the sheet steel, as well as cold bendability are the 

most important criteria while fatigue resistance and toughness are the decisive properties during 

component service life. 

 

 



 
 

 

Figure 35. Martensitic microstructure obtained by direct quenching of pancaked austenite; 

(a) SEM, (b) EBSD, (c) TEM 

(micrographs courtesy of J.R. Yang – National Taiwan University). 

 

Typical alloy design concepts are based on a carbon content in the range of 0.07 to 0.10%. Such 

hypo-peritectic alloy design helps avoid segregation and the formation of surface cracks during 

continuous casting. Increased additions of manganese and chromium are usually chosen to 

provide sufficient hardenability. Often molybdenum alloying and/or boron microalloying are 

utilized to further boost hardenability. For applications requiring high toughness at very low 

temperatures, nickel alloying has been long established. 

 

Niobium microalloying in such steel has the effect of obstructing austenite recrystallization 

during finish rolling and thus providing a larger degree of austenite pancaking. Already a small 

addition of niobium (~0.02%) in combination with a low finish rolling temperature (<850 °C) 

results in a remarkable reduction of the austenite grain thickness in the through-thickness 

direction.  



For higher finishing temperature (>900 °C) this pancaking effect is much less pronounced even 

at larger niobium additions. A strong synergy between niobium and boron further increases the 

obstruction of recrystallization so that significant pancaking occurs even at high finish rolling 

temperatures [108]. At lower finish temperatures, however, niobium as such dominates the 

austenite pancaking effect. The reduction of austenite grain dimension in the sheet normal 

direction translates into an equivalent refinement of the effective grain size, which in turn leads 

to an increase of yield strength, Figure 36. It appears that the gain in yield strength obtained by 

severe pancaking is of the order of 120 MPa. This strength gain by microstructural refinement 

offers the possibility of reducing the carbon content by around 0.03%, thus providing better 

toughness and lower DBTT for a specified strength level. On the other hand, it also extends the 

maximum strength level that can be achieved with a hypo-peritectic alloy design. The avoidance 

of segregation, as well as a homogeneous cooling pattern are prerequisites for a low level of 

residual stress in the final product and thus the prevention of shape distortion upon further 

manufacturing processes. 

 

It has been reported that the pronounced microstructural anisotropy in martensite produced from 

pancaked austenite provokes a marked difference in the cold bending behavior when bending 

along the rolling direction as compared to the transverse direction. The poor bendability along 

the transverse direction has been attributed to the localization of strain in narrow shear bands and 

the presence of upper bainitic microstructures, containing martensite-austenite (MA) islands, 

oriented parallel to the rolling direction [109]. Reducing the severity of austenite pancaking, ie. 

by raising the finish rolling temperature or reducing the total reduction could improve the 

transverse bendability. This approach would, however, sacrifice strength. Another possibility is 

to provoke dynamic recrystallization of heavily pancaked austenite, resulting in globular-shaped 

ultrafine austenite grains prior to quenching [110]. Besides, multiple and thorough 

recrystallization during roughing rolling leading to a homogeneous and fine grained globular 

austenite microstructure at the entry of finish rolling is recommended. Optimizing the reduction 

schedule and matching the alloy concept to the roughing temperature can achieve this. 

 



 
 

 

Figure 36. Influence of austenite conditioning (pancaking); (a) on the effective grain size and 

(b) yield strength in a low-carbon steel subjected to direct quenching. 

 

  



Case Carburizing 

 

Case carburizing is a thermochemical treatment by which carbon diffuses into the surface of 

typically medium carbon steel. Therefore, the steel is heated to a temperature in the austenite 

range for an extended period of time. The carbon enriched case layer transforms upon quenching 

into martensite of increased hardness as compared to the underlying base material. The case 

depth, dcase, is determined by the carbon diffusion coefficient, D, and the carburizing time, t, as: 

 

 𝑑𝑐𝑎𝑠𝑒~√𝐷 ∙ 𝑡       (7) 

 

where    𝐷 = 𝐷0𝑒𝑥𝑝(−𝑄/𝑅 ∙ 𝑇).     (8) 

 

with D0 being the maximum diffusion coefficient, Q being the activation energy for diffusion, R 

being the gas constant and T being the absolute temperature. The required minimum case depth 

can accordingly be achieved by a given carburizing time at a given temperature. Raising the 

carburizing temperature markedly shortens the treatment time. The maximum allowable 

carburizing temperature is determined by the onset of severe austenite grain coarsening. 

Specifications require that 90% of the grains are smaller than ASTM 5 and grains coarser than 

ASTM 3 are not allowed at all. Furthermore, it is recommended that the grain size scatter within 

the material be in a narrow range. Mixed grain size causes residual stresses as larger austenite 

grains transform into martensite at higher temperatures than smaller grains. The resulting 

residual stresses cause part distortion after quenching [111] and negatively influence the fatigue 

behavior [112]. 

 

Austenite grain size control in carburizing steel has been traditionally achieved by aluminum 

nitride (AlN) precipitates that have the capability of pinning the austenite grain boundaries [113]. 

This pinning effect requires the size of the precipitates to be of the order of 50 nm. Under 

unfavorable treatment conditions, AlN particles either coarsen or dissolve and the pinning effect 

is lost. Furthermore, the pre-treatment temperature prior to carburizing has an important 

influence on the pinning capability of AlN, as shown in Figure 37, since it determines the size of 

existing AlN particles.  

 

 



 

Figure 37. Influence of pre-treatment temperature and Al:N ratio on the grain coarsening 

behavior of steel 16MnCr5. 

 

Particle size and stability are controlled by the stoichiometric ratio, rather than by the solubility 

product. The effect of AlN particles is best when the Al:N ratio is close to stoichiometry (Al:N = 

2:1). Excessive addition of aluminum causes cleanliness problems and increased scale forming, 

while too high a nitrogen content leads to nil-ductility issues during hot deformation. Therefore, 

the optimization of grain coarsening resistance, based on AlN particles, with the aim of higher 

temperature carburizing is difficult to achieve.  

 

TiN particles are very stable even at the highest austenite temperatures. Therefore, titanium 

microalloying is expected to allow treatments at higher temperatures without excessive grain 

coarsening [113,114]. Ideally the titanium addition is set to around three times the nitrogen 

content in weight percent. Over-stoichiometric titanium addition leads to the formation of coarse 

primary TiN particles, which have no pinning capability and a detrimental effect on toughness. 

Yet, co-alloying of niobium to an under-stoichiometric Ti:N ratio significantly increases the 

temperature of initial grain coarsening, Figure 38 and also reduces the tendency for forming a 

mixed grain size distribution , Figure 39. 

 



 

Figure 38. Effect of titanium and niobium microalloying on the grain coarsening resistance in 

steel 16MnCr5. 

 

 

 

Figure 39. Influence of austenitizing temperature on grain size in steel 16MnCr5 with different 

microalloy modifications. 
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The higher grain size controlling efficiency of the Nb-Ti dual microalloyed steel lies in a fine 

dispersion of particles in the size range of 20 to 50 nm. This particle size range has a high 

capability for grain boundary pinning [113,115]. More detailed analysis revealed that the 

particles typically have a mixed chemistry appearing as titanium-niobium carbonitride, 

Figure 40. Based on solubility considerations, it is feasible that TiN particles precipitate first, 

serving as nucleation sites for Nb(C,N). The effectiveness of the dual microalloy concept has 

been verified in steel 16MnCr5, Figure 41. The base alloy, as well as microalloyed variants, have 

been subjected to solution annealing at 1150 °C for 40 minutes. Subsequently, the steel samples 

were carburized at 1050 °C for nearly three hours, followed by oil quenching. The base alloy 

with only nitrogen and aluminum addition shows impermissible grain coarsening. An optimized 

Nb-Ti microalloy concept, however, provides a much finer average grain size, thereby 

completely avoiding grain sizes of ASTM 5 or smaller.  

 

 

Figure 40. Morphology and chemical composition of precipitates in Nb-Ti microalloyed steel 

16MnCr5. 

 



 

Figure 41. Grain size distribution in steel 16MnCr5 after solution annealing at 1150 °C for 

40 minutes followed by case carburizing at 1050 °C for three hours/oil quenching. 

 

Meanwhile, the dual microalloy concept has been successfully applied to various other case 

carburizing grades for automotive, as well as industrial applications [116,117]. Steel grade 

18CrNiMo7-6 is often used for large size industrial gears requiring case hardening depths of 

several millimeters and thus long carburizing times. By applying the Nb-Ti dual microalloying 

concept, the steel can withstand high carburizing temperatures with only minor grain coarsening, 

thus, allowing a substantial shortening of the carburizing time, Figure 42 [117]. For instance, a 

typical case depth specified for a heavy machinery gear requiring a diffusion time of 20 hours at 

950 °C can be shortened to nine hours at 1050 °C according to Equations 7 and 8. 
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Figure 42. Prior austenite grain size distribution of steel 18CrNiMo7-6 and Nb-Ti microalloyed 

modifications after various case carburizing conditions.  

 

Conclusions 

 

This review has clearly demonstrated that microstructural refinement in martensite is predicted, 

based on theoretical considerations, to have considerable benefits with regard to relevant 

application properties. Experimental results and practical experience have confirmed this 

prediction in various aspects. Strength, fracture stress, as well as ductile-to-brittle transition 

temperature, can be improved by refining the microstructure. Furthermore, bendability, fatigue 

resistance and shape stability also benefit from a finer and more homogeneous microstructure. It 

was pointed out that these properties are not necessarily all related to the same microstructural 

feature, hence “effective” grain sizes have been defined. From a practical point of view, it is 

thought most relevant to refine the prior austenite grain size, which is essentially the limiting size 

for any substructural feature. 

 

Various practical examples over a wide range of products have shown that niobium 

microalloying is the most powerful and versatile means of controlling the prior austenite grain 

size. Niobium can exert its grain refining effect in a passive and active way depending on the 

processing conditions. Synergies with other alloying elements, most notably molybdenum, boron 

and titanium, enhance the microstructure controlling effect of niobium. 

 

Due to the very high yield strength of martensite, hydrogen embrittlement is a severe problem 

and it can lead to unexpected catastrophic failure. Microstructural refinement and hydrogen 

trapping were proven useful remedies to alleviate this problem. In this respect, niobium is 

beneficial due to its refining effect on precipitation producing nano-sized trapping particles. As 

hydrogen embrittlement is a boundary phenomenon, reinforcement of boundary cohesion is 



another helpful tool. Solute molybdenum and also niobium have this beneficial effect. The same 

effect also combats embrittlement by impurity segregation to the grain boundaries. 

 

Tempering of as-quenched martensite is an established method of balancing the requirements of 

ductility and strength. Molybdenum and niobium are amongst the most powerful alloying 

elements for promoting tempering resistance.  

 

Molybdenum is not only one of the most powerful hardenability alloys but it also provides a high 

tempering resistance. Competing hardenability elements, such as manganese or boron can 

produce negative effects on other properties such as toughness. Furthermore, the use of these 

alternative hardenability alloys requires tighter process control in order to avoid enhanced 

property scatter. 

 

Therefore, it may be concluded that alloying with niobium and molybdenum in martensitic steels 

offers great optimization potential, allowing safe and reliable performance of components 

subjected to the severe operating conditions in the mining and processing industry. 
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